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Abstract 
 

In the most recent years, Additive Manufacturing (AM) has drawn the attention 

of both academic research and industry, as it might deeply change and improve 

several industrial sectors. From the material point of view, AM results in a peculiar 

microstructure that strictly depends on the conditions of the additive process and 

directly affects mechanical properties.  

The present PhD research project aimed at investigating the process-

microstructure-properties relationship of additively manufactured metal 

components. Two technologies belonging to the AM family were considered: 

Laser-based Powder Bed Fusion (LPBF) and Wire-and-Arc Additive Manufacturing 

(WAAM). The experimental activity was carried out on different metals of 

industrial interest: a CoCrMo biomedical alloy and an AlSiKMgL.M alloy processed 

by LPBF, an AlMgN.OMn alloy and an AISI PLNL austenitic stainless steel processed 

by WAAM.  

In case of LPBF, great attention was paid to the influence that feedstock material 

and process parameters exert on hardness, morphological and microstructural 

features of the produced samples. The analyses, targeted at minimizing 

microstructural defects, lead to process optimization. For heat-treatable LPBF 

alloys, innovative post-process heat treatments, tailored on the peculiar 

hierarchical microstructure induced by LPBF, were developed and deeply 

investigated. Main mechanical properties of as-built and heat-treated alloys were 

assessed and they were well-correlated to the specific LPBF microstructure. Results 

showed that, if properly optimized, samples exhibit a good trade-off between 

strength and ductility yet in the as-built condition. However, tailored heat 

treatments succeeded in improving the overall performance of the LPBF alloys.  



    

Characterization of WAAM alloys, instead, evidenced the microstructural and 

mechanical anisotropy typical of AM metals. Experiments revealed also an 

outstanding anisotropy in the elastic modulus of the austenitic stainless-steel that, 

along with other mechanical properties, was explained on the basis of 

microstructural analyses. 
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Introduction  
 

 

In the most recent years, Additive Manufacturing (AM) has drawn the attention 

of both scientific research and industry. The attractivity of these innovative 

technologies relies in the possibility of realizing three-dimensional near-net shape 

components by the consecutive joining of layers of materials, thus allowing a 

minimum waste and limiting successive processing [D,E]. AM can be applied to a 

wide range of materials (i.e. polymers, metals and ceramics) and can be exploited 

for the fabrication of very different three-dimensional parts in terms of size and 

shape, such as cardiovascular stents [H] and buildings [I].  

 

In case of metallic materials, AM is highly valued especially in the biomedical, 

aerospace and automotive sectors for the realization of customized components 

with a high level of geometric complexity [J], like orthopedic implants, engine 

parts with conformal cooling channels and innovative architectural structures. In 

fact, AM innovative technologies might deeply change and improve several 

industrial sectors by shortening the manufacturing route and by enabling new site-

specific design possibilities or new alloy compositions [L]. However, the arising 

interest in metals additive manufacturing technologies should be associated with 

a proper knowledge of the process-microstructure-properties relationship. AM 

technologies are as innovative as they are complex, since they are driven by a large 

number of process parameters and directly rely on the feedstock quality and 

processing conditions [O–Q]. In order to fully exploit AM potential, a 

comprehensive and thorough study of peculiar microstructural features resulting 
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from additive processes (i.e. the metastable supersaturated solid solution, 

anisotropy, residual stress, etc…) has to be conducted. 

 

In this view, the PhD research project discussed in the present dissertation 

focused on the investigation of the relationship between process-microstructure-

properties of AM metal components. For this purpose, among the AM processes 

currently available, the most widespread and industrially developed Powder Bed 

Fusion (PBF) and Direct Energy Deposition (DED) technologies were considered. 

They are fusion-based AM processes and the core of both PBF and DED is a 

computer-guided thermal source that joins the material by following a given path 

in order to reproduce the desired geometry. In PBF layers of fine metallic powder 

are subsequently and selectively melted, while in DED molten material is 

deposited layer-by-layer. More specifically, in the present project the Laser-based 

Powder Bed Fusion (LPBF) and the Wire-and-Arc Additive Manufacturing 

(WAAM) processes were examined, belonging to PBF and DED respectively. A 

total of four different metal alloys were processed and studied: an aluminum alloy 

(AlSiOMg].L) and a Co-based alloy (CoE_CrLMo) for LPBF, an austenitic stainless 

steel (AISI H]IL) and an aluminum alloy (AlMgI.JMn) for WAAM.   

 

As regards LPBF alloys, the experimental work covered the whole 

manufacturing process, starting from the characterization of the powder 

feedstock, moving to the process optimization and finally to the optimization of 

the post-process heat treatment and assessment of final mechanical properties. At 

every step, extensive microstructural analyses were conducted in order to study 

microstructural features, highlight the process-related aspects, investigate type of 

defects and also to correlate the mechanical response to the final microstructure. 

In case of WAAM alloys, instead, the experimental analyses focused on the 

mechanical and microstructural characterization of deposited plates with the aim 

to investigate the anisotropy induced by the additive process. 
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Accordingly, the present dissertation is organized in two mains parts, named 

part A and B, devoted respectively to the LPBF and WAAM activities. Parts A and 

B are preceded by a summary of the theoretical background mainly regarding 

microstructural features of additively manufactured metal parts (Chapter D). Part 

A is arranged in literature review and experimental activities of LPBF CoE_CrLMo 

(Chapters E and H) and LPBF AlSiOMg].L (Chapters I and J) alloys, respectively. 

Likewise, Part B is organized in literature review and experimental activities of 

WAAM AISI H]IL (Chapters L and O) and WAAM AlMgI.JMn alloy (Chapters _ 

and Q). Experimental sections contain selected parts of the scientific papers for 

which I was the principal investigator and, for the most part, first and 

corresponding author.  

 

Research activities were conducted at the Department of Industrial Engineering 

at the University of Bologna under the supervision of Prof. Lorella Ceschini. The 

experimental work here discussed is the result of fruitful collaborations established 

with several research groups: the Laser Group at the University of Bologna, headed 

by Prof. Alessandro Fortunato, for LPBF activities; the Structural Engineering 

Group at the University of Bologna, headed by Prof. Tomaso Trombetti, for WAAM 

activities; the Corrosion and Metallurgy Study Centre "Aldo Daccò", headed by 

Prof. Cecilia Monticelli, for corrosion tests on the Co-based LPBF alloy. 
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Chapter 1 

METALLURGICAL FEATURES OF ADDITIVELY 
MANUFACTURED METAL PARTS 

THEORETICAL BACKGROUND 

 

 
 

1.1 Overview of Metal Additive Manufacturing 
processes  

Additive Manufacturing (AM) is defined as: “the process of joining materials to 

make objects from 4D model data, usually layer upon layer, as opposed to subtractive 

manufacturing methodologies”, as reported in the EN ISO/ASTM BCDEE standard 

[G]. Therefore, AM technologies enable the fabrication of near-net-shape three-

dimensional components, even with complex design, with a minimum 

consumption and waste of feedstock material. AM technologies benefit of great 

interest from both academia and industry, as demonstrated by the increasing trend 

in the published researches regarding “additive manufacturing of metals” indexed 

by Scopus® from GDSE, when AM starts to gradually spreading, to CECE (Figure G.G).  

 

Figure G.G: Published researches on AM of metals indexed by Scopus® (accessed on October GC, 

CECE) 
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The family of AM, as defined by the aforementioned standard, include processes 

for all class of materials (polymers, ceramic, metals and composite). By focusing 

on the AM technologies for metallic materials, the classification reported in Figure 

G.C can be adopted and processes can be divided into fusion-based ones and solid-

state ones. Currently, fusion-based one, in which the feedstock material undergoes 

melting and rapidly solidifies, are the most industrially and academically 

investigated. Fusion-based AM processes are divided in Direct Energy Deposition 

(DED) and Powder Bed Fusion (PBF). In DED, the final component is additively 

manufactured by consequent deposition of molten material, while in PBF it is 

fabricated via selective melting of subsequent layers of powder. DED and PBF 

processes are classified according to the thermal source and, in the present 

dissertation, the Laser-Based Powder Bed Fusion (LPBF), belonging to PBF, and 

the Wire-and-Arc Additive Manufacturing (WAAM), belonging to DED, have been 

considered.  

 

Figure G.C: Classification of additive manufacturing technologies for metals (adapted from [G]). 

 

One of the main criteria for the selection of the AM process results from the trade-

off between part complexity and dimensions, as shown by the graphs in Figure G.]. 

LPBF is usually adopted for the production of relatively small and very complex 

components that can afford intricated lattice structures and inner cavities 

maintaining an elevated accuracy. WAAM, instead, is essentially devoted to the 
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manufacture of large components, with a lower level of complexity and accuracy, 

and therefore can be also employed for civil engineering applications [C,]].  

 

Figure G.]: Classification of AM processes for metals as a function of part complexity and 

dimension 

 

1.1.1 Laser based Powder bed fusion  

Laser-Based Powder Bed Fusion (LPBF) relies on the selective melting of a layer 

of fine metallic powder by means of a laser beam. This technology is also known as 

Selective Laser Melting (SLM), Laser Beam Melting (LBM), Direct Metal Laser 

Sintering (DMLS). As illustrated in Figure G._a, the process is conducted inside a 

closed chamber whose atmosphere is carefully controlled: the oxygen content is 

limited and a flow of an inert shielding gas (NC or Ar) is ensured on the powder 

bed. Three main area can be identified: a powder supply chamber containing the 

feedstock powder, a working platform, and an overflow container in which the 

powder surplus is collected. For each layer, the proper amount of powder is 

distributed on the working platform by a recoater (usually in form of blade or 

roller) and then processed by a computer-guided laser that replicates the geometry 

based on the ]D CAD model of the components [C,_]. These steps are continuously 

repeated for the whole process and the components is built, layer after layer, inside 

the powder bed.  

20
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LPBF is the most widespread AM technology and yet one of the most 

complicated, driven by more than GEE process parameters [B], that can be divided 

in four main groups:  
• Laser and scanning parameters: laser power (average and peak), mode 

(continuous or pulsed laser), wavelength, spot size, scanning velocity, 

scanning pattern or strategy, hatch spacing, etc… 

• Powder material properties: particle size distribution, surface roughness, 

flowability, density, thermal conductivity, heat capacity, latent heat of 

fusion, melting temperature, boiling temperature, melt pool viscosity, 

vapour pressure, absorptivity, etc… 

• Powder bed properties and recoat parameters: apparent density of the layer 

of powder, layer thickness, powder bed temperature, thermal conductivity, 

heat capacity, absorptivity, emissivity, recoater velocity, recoater type, 

recoater pressure. 

• Build environment parameters: type of shielding gas (nitrogen or argon) and 

its molecular weight, thermal conductivity, viscosity heat capacity, 

pressure, flow rate, content of oxygen, etc… 

Powder material properties will be discussed in the following sections, while the 

main process parameters related to laser, scanning and powder bed conditions are 

schematically shown in Figure G._b.  

  

a b 

Figure G._: Schematic representation of LPBF process (a), detail of process parameters (b) [C,d] 
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The layer thickness for LPBF is usually in the range CE-_E µm and this aspect 

contributes to determine the high accuracy and the relative low production rate 

that characterize LPBF. Scanning speed can be up to GCEE-GBEE mm s-G while laser 

power can reach G kW [_]. Another scanning-related important parameter is 

represented by the scanning strategy, that represents the path adopted to process 

the powder layer (Figure G.B). Scanning strategy directly influences thermal cycles 

of the building, thus residual stress, porosity content and microstructure, as will 

be later discussed [f,S].  

 

Figure G.B: Scanning strategy: a) unidirectional or concurrent fill, b) bi-directional, snaking or 

countercurrent fill, c) island or chessboard scanning, d) spot melting, e) spot melting contours 

with snaking fill, f) line melting contours with snaking fill [f] 

 

Many of the aforementioned parameters are strongly influenced by the 

architecture of each printing machine and can vary significantly among different 

brands. 

 

1.1.2 Wire and Arc Additive Manufacturing  

The Wire-and-Arc Additive Manufacturing (WAAM) is based on automated 

welding processes like: arc welding (GMAW), plasma arc welding (PAW), and gas 

tungsten arc welding (GTAW) [D–GG]. Among WAAM processes, GMAW is the 

most widely used and it is based on the deposition of molten material from the 

feedstock wire by means of an electric arc generated between the wire itself and 

the workpiece (Figure G.d), in which a six-axis robot guides the torch. It is also 
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known as metal inert gas (MIG) or metal active gas (MAG) process. Conversely to 

PBF systems, WAAM does not require a closed chamber to operate, thus the size 

of the metallic parts is only determined by the limitations given by manipulators. 

Deposition rates for this specific technology range between GB-GdE g min-G [GE] and 

layer thickness can be up to C mm, making this technology suitable for the 

production of large metallic parts, also in the construction field [],GC].  

As for other fusion-based AM technologies like LPBF, main process parameters 

of WAAM regard the control of the thermal source and deposition of materials and 

can be synthetized as follows: 

• current and arc voltage; 

• angle between electrode and layer; 

• welding speed; 

• wire feed rate; 

• layer thickness; 

• type and dimension of feeding wire; 

• type and flow rate of the shielding gas. 

  

 

Figure G.d: Schematic representation of the WAAM process (adapted from [GE]). 

Besides post-process heat treatments, two main post-deposition processes can 

improve the quality of the final part: interlayer rolling and interpass cooling [GE,G]]. 

The interlayer rolling is a cold-working process that induces plastic deformation 

and recrystallization of the deposited layer, before the deposition of the successive 
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one. Interlayer rolling can result in the reduction of porosity, an increase of 

mechanical strength and reduction of residual stress. It should be noticed that 

rollers have to be customized on the specific design of the building components 

and it may not be very convenient for complex geometries. The interpass cooling 

consists in the forced or assisted cooling of the newly deposited layer, with the aim 

to control the thermal cycle in order to reduce residual stress or limit the idle time 

between consequent depositions.  

WAAM uses as feedstock material commercially available filling wire developed 

for conventional welding technologies. As a consequence, a wide range of materials 

can be proficiently processed with this technology and, with respect to typical 

feedstock materials used for PBF technologies, costs for feedstock supply are 

considerably lower [GG].  

 

1.2 Microstructural features of AM of metals  

Additive manufacturing technologies benefit of great interest from several 

industrial fields mainly in the reason of the complex designs that can be obtained. 

However, from the material point of view, due to the non-equilibrium 

solidification conditions, AM leads to peculiar microstructural features 

substantially different from those obtained with conventional manufacturing 

processes. Indeed, additively manufactured metal parts, both LPBF and WAAM, 

are characterized by a hierarchical microstructure that relies on the specific 

melting and solidification conditions that will be described in the following 

sections. The schematic representation of the hierarchical microstructure of 

metals produced by AM is reported in Figure G.f in which it can be recognized: a) 

layered structure consequent to the layer-by-layer approach; b) solidified melt 

pools due to the localized melting of the feedstock material, or to the local 

deposition of molten material, related to the complex scanning or deposition 

strategy; c) epitaxial grains crossing-over layers due to the peculiar solidification 

conditions in which the material solidifies above itself; d) fine sub-structure (i.e. 

cellular or columnar) formed within grains inside the melt pool.   
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a b 

  

c d 

Figure G.f: Schematic representation of the hierarchical microstructure of additively 

manufactured parts: a) layers, b) melt pools, c) epitaxial grains, d) fine sub-structure. 

 

1.2.1 Melt pool formation 

In fusion-based metal additive manufacturing technology small portions of 

feedstock material are continuously melted and rapidly solidified. In direct 

deposition processes, as WAAM, feedstock material is melted and then deposited. 

In powder bed fusion processes, instead, the feedstock powder is locally melted by 

the thermal source. Either way, an almost semicircular fusion zone, typically 

referred to as melt or molten pool, is formed, as schematically represented in 

Figure G.S for PBF. By reason of heat conduction, the melt pool is only partially 

directly irradiated by the thermal source that, ideally, involve the center of the 

fusion zone thus generating a temperature gradient between the center and 

peripheric area in direct contact with the cold metal. Furthermore, due to heat 
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conduction, also the upper part of the previously deposited layer is heat-affected 

and/or partly re-melted.    

 

Figure G.S: Schematic representation of semicircular fusion zone (melt pool) formed in additive 

manufacturing technologies 

As already found in case of conventional welding [G_], inside melt pool the 

convection flow of liquid metal is driven by several forces, as represented in Figure 

G.D. Driving forces are: buoyancy (or gravitational), Lorentz, surface tension 

(Marangoni) and shear stress induced by plasma force. Among these forces, 

buoyancy and especially surface tension ones dominate the fluid flow in additive 

manufacturing, while Lorentz and shear stress forces are mostly related to welding 

processes based on electric arc and plasma jet respectively [GB–Gf]. Buoyancy or 

gravitational flow is related to the density (ρ) of the liquid metal that decreases 

with increasing temperature. As a consequence, liquid metal in zones b in Figure 

G.Da is heavier than the liquid in the center of the melt pool (zone a in the same 

Figure), Hence, in account of gravitational force, the heavier liquid falls along pool 

boundaries and arise along the pool axis when temperature increases, generating 

the centrifugal flow in Figure G.Db. Marangoni flow is instead related to the surface 

tension (γ) of the liquid that still decreases with increasing temperature. Hence, 

the liquid in zone a of Figure G.De has a lower surface tension than liquid in zone b 

and it is pulled towards the melt pool border as a consequence of the shear stress 

induced by the surface tension gradient, generating the flow in Figure G.Df. This 

phenomenon is also called thermocapillary convection flow.  
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Figure G.D: Driving forces of convection flow (a,c,e,g); relative flow inside melt pools (b, d, f, h) 

[G_]. 

However, as represented in Figure G.GE, the centrifugal Marangoni flow can be 

reversed, becoming a centripetal flow. This occurs when a small amount of surface-

active agent is present. Surface-active agents are usually consequent to 

contamination of the pool, frequently due to oxygen, that invert the surface 

tension gradient. A centripetal flow is detrimental for the proper wetting and 

spreading of the liquid metal that ensures overlap with surrounding solidified 

tracks, promoting the formation of a sound component. The inversion of the flow 

can even lead to arising of liquid metal from the pool that eventually solidifies in 

globular particles, inducing the so-called balling phenomenon [G_,GS]. 

Consequently, an adequate protection from oxidation and contaminations of the 

fusion zone has to be assured by shielding gas and control of feedstock material 

quality.   
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Figure G.GE: Surface tension (Marangoni) flow: a) regular centrifugal flow enhancing wetting and 

spreading; b) reversed flow to oxidation generating balling [GS]. 

 

By reason of the elevated cooling rates (up to GEB-GEd K s-G), the solidification of 

liquid metal inside melt pools develops very rapidly [_,f]. Indeed, melt pool is 

surrounded by colder and solid metal, being previously solidified metal layers or 

unprocessed powder in case of powder bed fusion processes. Thus, elevated heat 

gradient is developed between the superheated liquid metal inside melt pool and 

the cold melt pool border. Consequently, solidification of the metal starts from 

cold melt pool border and develop towards the melt pool core. As will be discussed, 

these peculiar conditions determine an epitaxial grain growth as well as size and 

morphology of the sub-structure that compose the typical hierarchical 

microstructure of additively manufactured metal parts.  

 

1.2.2 Epitaxial grains 

The epitaxial growth is developed when a solid grain nucleates from liquid metal 

in direct contact with a solid substrate with its same chemical composition, as for 

the melt pool. The literature refers to this phenomenon either as epitaxial growth 

or epitaxial nucleation [GD–CC]. However, as it will be reported below, it is 

commonly discussed as a particular case of heterogenous nucleation in which it is 

demonstrated that nucleation of new grains does not occur. Heterogenous 
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nucleation is governed by the balance of interfacial free energies of the liquid, the 

solid, and the nucleus, described by the following equation [CE]:  

 

γML	=	γSM	+	γSL	cos	ϕ	 (G) 

 

Where, as schematically represented in Figure G.GG: 

γML is the interface free energy between solid metal substrate and liquid metal 

γSM is the interface free energy between solid nucleus and solid metal substrate  

γSL is the interface free energy between solid nucleus and liquid metal  

ϕ is the contact angle 

 
 

Figure G.GG: Schematic representation of the solid nucleus in contact with solid substrate and 

liquid metal [CE] 

 

In Equation G, since the chemical composition of solid and liquid is the same, the 

term γSM is negligible and it can be considered γSL	≃ γML [CE,CC]. Hence, Equation G 

can be simplified as follows:  

γML	=	γSL	cos	ϕ			
(C) and	γSL	≃	γML		

thus	cos(ϕ)	≃1à	ϕ≃0	
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As result from Equation C, the contact angle ϕ is zero, therefore the liquid wets 

completely the metal substrate. For heterogeneous nucleation on an existing wall, 

the change in the free energy needed to nucleate a solid grain, is given by the 

formula [CC]:  

 

∆89:; = −=>∆8? +	@>Aγ>A + @>B(C>B −	CAB) (]) 

 

Where, in Equations ]: 

ΔGv is the change in the free energy per unit volume associated to the formation 

of a new nucleus 

Vs is the volume of the nucleus 

ASL is the surface area of the interface created by the liquid and the nucleus 

ASM is the surface area of the interface created by the metal substrate and the 

nucleus 

 

Assuming that the nucleus forms as a spherical cap, it can be assumed: 

@>A = 	2EFG	(1 − cosH) 

(_) @>B = 	EFG sinG H 

=> = 	EFJ(2 + cosH)
(1 − cosH)G

3  

By combining Equations G, ] and _, ΔGHet can be written as: 

∆89:; = L(ϕ)[
4E
3 FJ∆8? + 4EFGC>A] 

(B) 

where L(ϕ) = (2 + cosH) (PQRSTU)
V

W
 is the shape factor 

As previously demonstrated (Equation C), in case of liquid metal in direct 

solidifying on a solid substrate with its same chemical composition the contact 
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angle ϕ is zero, or almost zero. Consequently, the change in free energy required 

for the formation of a new nucleus (ΔGHet) in the epitaxial growth is approximately 

zero. Thus, a solid grain can nucleate without the need to overcome an energy 

barrier as the solid metal substrate presents a perfect crystallographic match for 

growth of the solid nucleus. However, it is commonly assumed that growth occurs 

directly from the preexisting solid without the need for nucleation [CC] and this 

phenomenon is known as epitaxial growth, schematically represented in Figure 

G.GCa.   

  

a b 

Figure G.GC: Solidification of additively manufactured metal components: a) epitaxial grain growth 

starting from the fusion line correspondent to melt pool borders; b) competitive growth across 

melt pool (adapted from [GD]).  

 

Away from the fusion line, corresponding to the melt pool border, the 

solidification across the melt pool, follows the so-called competitive growth, as 

shown in Figure G.GCb. Indeed, grains grow perpendicularly to the melt pool border 

towards the core by following the direction of the maximum thermal gradient, 

hence the direction of maximum heat extraction. Concurrently, grains tend to 

grow following the easy-growth direction defined for each lattice structure, as 

reported in Table G.G. Therefore, as indicated by arrows in Figure G.GC, grains whose 

easy-growth direction is perpendicular to the melt pool border are favored and 

might stop the growing of a less favored grain. However, it should be considered 



 CHAPTER 1 – METALLURGICAL FEATURES OF ADDITIVELY MANUFACTURED METAL PARTS 
 

 21 

that melt pool borders are curved and constantly in motion, thus it is possible that 

grains are initially favorably-oriented and, with changing in the curved solid/liquid 

interface, become unfavorably-oriented [CC].  

 

Crystal structure Easy-growth direction 

Face-centered-cubic (fcc) <GEE> 

Body-centered-cubic (bcc) <GEE> 

Hexagonal-close-packed (hcp) <GEGE> 

Body-centered-tetragonal (bct) <GGE> 

Table G.G: Easy-growth direction for different crystal structure [GD] 

 

Epitaxial grain growth and consecutive competitive growth in case of LPBF have 

been documented by Chen et al. [C]], as reported in Figure G.G]. In Figures G.G]a,b, 

melt pool border are indicated by the white dashed arrows while red arrows 

indicate growing directions: grains grow starting from the border by replicating 

the direction of the previously solidified layer. Evidence of the competitive growth 

occurring away from the melt pool border is given in Figure G.G]c where the 

encounter of different grain directions has been depicted. 

 

   

a b c 

Figure G.G]: Grain growth of the LPBF CECSCrdMo alloy: a) and b) epitaxial growth starting from 

melt pool boundaries (borders are indicated by white dashed arrows and growing direction by red 

arrows); c) competitive grow away from the melt pool boundaries. Adapted from [C]]. 
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The main outcome of epitaxial growth, as depicted in Figure G.G_, is the formation 

of macroscopic large columnar grains crossing-over layers responsible for a 

possible anisotropic mechanical behavior of additive components [_,f]. 

 

 

a b 

Figure G.G_: Epitaxial grain growth crossing over layer as documented by EBSD analyses for: a) the 

CoCSCrdMo LPBF alloy [C_]; b) the AISI ]GdL WAAM stainless-steel [CB].  

 

It should be also mentioned that, by proper modification of chemical 

composition of deposition process, it is possible to limit the epitaxial growth of 

grains [CG] , thus potentially reducing anisotropic behavior. In the particular case 

of aluminum alloys, recent literature studies reported that, with the addition of 

grain refiners such as Ti and TiBC nanosized particles, the formation of equiaxed 

grains rather than epitaxial ones was promoted, as showed in Figure G.GB. Similar 

results were reported for both LPBF [Cd,Cf] and WAAM [CS] processes, proving 

that for both technologies equiaxed grains can be promoted by addition of grain 

refiners. Moreover, analogous effects were also achieved without any modification 

in the chemical composition, but by tailoring the arc modes for the AldMg alloy 

processed by variable polarity cold metal transfer (VP-CMT) WAAM process [CD].  
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a b 

Figure G.GB: EBSD results of an AlSiGC alloy processed with LPBF: a) un-modified alloys showing 

epitaxial grain growth; b) alloy modified with TiBC showing fine equiaxed grains [CG]. 

  

1.2.3 Fine sub-structure within grains 

Inside epitaxial grains a sub-structure is formed and can present different 

solidification structures, as evidenced also by Figures G.G]c and G.G_a. In case of 

metal alloys, that represent the focus of experimental analyses discussed in this 

dissertation, heat extraction and constitutional undercooling determine 

solidification structure.  The constitutional undercooling is due to the different 

composition of solid and liquid phase and it is schematically represented in Figure 

G.Gda. During solidification, solute is rejected into the liquid phase leading to a 

concentration gradient (CL) at the solid-liquid interface represented by orange 

curve in the Figure, accordingly, the liquidus equilibrium solidification 

temperature (TL) is reduced, as represented by green curve in the same Figure. 

Based on the extent of heat extraction, that determines the slope of the TA blue 

line, an area of constitutional undercooling is defined, in which the liquid phase 

survives below the solidification temperature. As represented in Figure G.Gdb, the 

extent of such area determines solidification structure, passing from planar to 
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cellular to columnar and equiaxed dendritic, with increasing constitutional 

undercooling.  

  

 
 

a b 

Figure G.Gd: Constitutional supercooling: a) definition (adapted from []E]), b) effect of on grain 

morphology [GD].  

 

Mathematically, constitutional undercooling condition is given by: 

XYZ
X[ <

XYA
X[  (d) 

The term ]^_
]`

 can be determined on the basis of the solute concentration gradient 

]a_
]`

, while ] b̂
]`

 is also known as temperature gradient G and it is determined by the 

manufacturing process and, specifically, by the extent of heat extraction.  

At the solid-liquid interface two fluxes occur: the one due to the solute rejection 

by the solid, and the one due to the flux of solute in the liquid. At steady state, 

these two fluxes are balanced and, assuming a linear gradient into the liquid, the 

relation can be written as [CC]:  

c	(dA − de) = −fA g
XdA
X[ h (f) 
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Where, in Equation d: 

R represents the solid-liquid interface growth 

CL is the liquid composition in the solid-liquid interface 

CE is the nominal alloy composition 

DL is the solute diffusivity in the liquid 

 

In case of phase diagram with a linear liquidus line, ]a_
]`
	produces a corresponding 

]^_
]`

  given by: 

XYA
X[ = iA g

XdA
X[ h (S) 

 

Where mL is the liquidus line slope. 

 

By combining equations from d to S, the constitutional undercooling is given by 

[CC]: 

XYZ
X[ = −

ciA	(dA − dj)
fA

 

(D) or 

8
c = −

iA	(dA − dj)
fA

 

 

According to Equation D, the constitutional undercooling is determined by G 

and R, also known as solidification parameters, and by alloy composition. As 

represented in Figure G.Gfa, the equation can be graphically represented and a more 

detailed version, reported in Figure G.Gfb, is usually used to determine the 

solidification microstructure. The ratio G/R determines the morphology of 

solidification structure (cellular, columnar-dendritic and equiaxed dendritic) 
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while the product GR, that corresponds to the cooling rate, determines size of 

solidification structure.  

  

a b 

Figure G.Gf: Effect of temperature gradient G and solidification rate R on grain size and 

morphology: a) schematic representation, b) more detailed scheme (adapted from [GD,CC]). 

Additive manufacturing technologies usually result in a very fine microstructure, 

being characterized by high cooling rates (GR), in the range GEB-GEd K s-G in case of 

laser-based powder bed fusion [_,f], above the region defined by the red dashed 

line in Figure G.Gfb. As will be more thoughtfully discussed in next sections, this 

very fine microstructure along with solid solution strengthening are responsible 

for the elevated mechanical properties often exhibited by additively manufactured 

components. 

It should be noticed that the ratio G/R decreases from the fusion line towards 

the centerline of the weld or melt pool. More specifically, both G and R change 

continuously in the solid-liquid interface, as it is usually observed in conventional 

welding processes. As represented in Figure G.GSa, G is high in correspondence of 

region in direct contact with cold metal and small at the centerline of the melt 

pool. R instead varies as a function of the scanning speed (S in Figure G.GSb). Based 

on Figure G.Gfb, the growth rate of the solid-liquid interface is given by: 

c =
L	 cos k

cos(k − l) (GE) 
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Where, in Equation GE: 

S is the scanning or deposition speed 

α is the angle between the scanning speed direction and the normal to the solid-
liquid interface 

β is the angle between the scanning speed direction and the [100] easy-growth 
direction for a cubic metal 

 

In many cases, the term (α- β) is very small, thus it can be considered: 

(k − l) ≃ 0 →	 cos(k − l) ≃ 1 

(GG) and 

c = L	 cosk 

Consequently, at the fusion line or melt pool border, where α=DE°, R is equal to 

zero while at the centerline of the fusion zone it is α=E, thus R ≃ S.  

Plane x-y

  

a b 

Figure G.GS: Variation in grain morphology across the melt pool as consequence of the variation of 

G/R ratio (a); Geometric relation between growth rate R and the scanning speed S (b) [CC]. 

 

Accordingly, with decreasing of the ratio G/R from the melt pool border to the 

center of the melt pool, the microstructure can change across the solidified melt 

pool from cellular to equiaxed morphology, as illustrated in Figure G.GSa. The 

transition between columnar and equiaxed grains is usually referred to as the 
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columnar-to-equiaxed transition (CET) and it has been observed also in some AM 

products []G]. 

In the experimental sections of the present dissertation, the specific sub-

structure resulting from LPBF and WAAM process will be further discussed. 

Outcomes will show that in case of LPBF the studied alloys resulted in a peculiar 

cellular substructure while, in case of WAAM, a columnar-dendritic one was 

evidenced. The theory on the basis of the formation of the peculiar cellular 

structure of LPBF alloys in hereafter reported.  

 

CELLULAR SOLIDIFICATION STRUCTURE 

In the LPBF of most metal alloys, and in particular for the Co-Cr-Mo and Al-Si 

systems investigated in the present dissertation, the formation of an extremely fine 

cellular solidification structure inside melt pools was evidenced, with segregation 

of alloy element in correspondence of cell borders (Figure G.GD).  

 

 

Figure G.GD: Cellular microstructure formed in the AlSiGEMg, CoCSCrdMo and AISI ]GdL alloys 

processed by LPBF []C]. 

The development of such metastable cellular structure was investigated by 

Prashanth and Eckert []C]. As discussed by the authors []C], the above reported 

constitutional undercooling theory, that describes thermodynamical aspects 

involved in the determination of solidification morphology (ratio G/R), is not 

sufficient enough to explain the formation of cellular structure in LPBF. Actually, 

also kinetical and physical aspects should be taken into consideration. Kinetical 

aspects are determined by the velocity of solidification front and solute trapping 

occurring at the solid-liquid interface. Physical aspects are instead related to the 



 CHAPTER 1 – METALLURGICAL FEATURES OF ADDITIVELY MANUFACTURED METAL PARTS 
 

 29 

complex convective flow occurring inside melt pools (mainly Marangoni flow, as 

discussed in Section G.C.G) that may cause solute accumulation along cell 

boundaries. In fact, surface tension gradients may lead to the formation of two 

different mechanisms: the Bernard Marangoni Surface Instability (BMI instability) 

and Particle Accumulated Structure mechanism (PAS mechanism). BMI and PAS 

involve several aspects (thermal gradients, grain growth rates, surface instability, 

mass transport and surface tension effects) and can be responsible for the 

formation of the metastable cellular structure with a distinct composition in the 

core of cells and along cell borders.    

The formation of cellular microstructure can be explained according to Figure 

G.CE.  The high cooling rates promote the solidification of the low-melting phase 

that, due to favorable kinetic conditions, solidifies first and entraps solute. In fact, 

as observed by several authors high cooling rates extend solid solubility of alloy 

elements and solute trapping might occur [_]. Concurrently, high melting-point 

alloy elements are ejected into the liquid phase, that become rich in solute, and 

eventually they are deposited along cell borders due to PAS mechanism []C]. As a 

result, the solidification of the metastable cellular microstructures is rather 

kinetically favored than thermodynamically. 

 

 

Figure G.CE: Schematic illustration of cellular structure formation in LPBF []C]. 

However, cellular structure is not observed in all LPBF metal alloys. Inconel and Ti 

alloys, for example, do not form a cellular structure since no solute atoms are 

ejected into the liquid at the solid-liquid interface []C].  

Therefore, Prashanth and Eckert formulated the following criteria to be fulfilled 

for the formation of a cellular microstructure:  

• A binary system is preferred, or a system that result in the formation of two 

phases. 
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• The solutes are immiscible with the solvent, or have a negligible solubility 

at the solid state. 

• Melting temperature of the solutes must be higher than those of the solvent 

(the difference in the melting point should be higher than df] K). 

 

1.2.4 Thermal cycles 

In additive manufacturing, melt pool are continuously formed during the 

processing of the layer and repeated for each consecutive layer. As a consequence, 

each solidified layer is re-heated and partially melted by the consecutive one, 

resulting in complex, uncontrolled, and repeated thermal cycles in the component, 

similarly to the conventional multi-pass welding (Figure G.CGa) [CG]. Thermal 

gradients formed along melt pool develop localized and non-uniform expansion 

and consecutive contraction of the metal material, that can eventually result in 

residual stress. If the internal residual stress, compressive or tensile, locally 

overcomes the yield or ultimate strength of the material, deformations, distortions, 

and cracks might be developed. Residual stress characterizes additively 

manufactured components, to the extent that stress-relieving treatments are 

commonly applied as post-process treatments. Higher energy input technologies, 

as laser-based ones, develop higher residual stress, especially in case of powder bed 

fusion in which the energy is not uniformly introduced in the material due to the 

laser-beam interaction that will be later discussed.       

  

a b 

Figure G.CG: Representative thermal cycles evaluated for the WAAM TidAl_V (a), subsequent 

solidified melt pools where heat-affected zones are indicated by dashed lines (b) [CG,]]] 
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It should be also considered that residual stress might be formed as a 

consequence of solid-state transformation due to re-heating. Indeed, by referring 

to Figure G.CGb, the microstructure in the proximity of the border of solidified melt 

pool can be re-heated once (zone A) or more than once (zone B) depending on the 

complexity of the deposition or scanning strategy. In the heat-affected zones, 

changes in the morphology of the microstructure, precipitation of second phases 

or solid-state phase transformations might occur.  The actual quantity of heat 

introduced in the material is primarily function of the process parameter but it is 

also influenced by material-related aspects such thermal conductivity, specific 

heat and latent heat of melting. It is a common practice to quantify the energy 

input with linear, superficial and volumetric energy density (Table G.C) [CG]. 

However, it should be also mentioned that other process parameters, not 

considered in the energy density formula like scanning or deposition strategy and 

substrate platform pre-heating, might considerably affect thermal cycles and thus 

residual stress extent.  

In the literature [S], the energy density has been also positively related to many 

macro and microstructural defects and features, as depicted in Figure G.CC. 

However, it should be noticed that energy density parameters are not sufficient 

enough to describe and control the whole process []_,]B]. Its limitations are 

mainly related on the thermodynamic origin of these notations, that cannot 

consider all the complex physical phenomena related to the Marangoni flow and 

interaction between laser beam feedstock, as will be later described. In addition, 

as energy density depends on many process parameters, the same value can be 

obtained with several combination of parameters themselves, leading to different 

microstructural features. However, as will be further discussed in the experimental 

sections, energy density is still considered a reliable parameter in process 

optimization, specifically in the preliminary densification process where it has 

been proved to be positively related to final density and porosity content []d–]D]. 
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Table G.C: Equations currently used for the definition of the energy/power input as a function of: 

laser power (P, W), hatch distance (h, mm), layer thickness (d, mm), speed (v, mm s-G), laser spot 

diameter (dlaser, mm), laser/material interaction time (tint, s), track width (dt, mm), relative 

density of the powder bed (no:], a.u.), overlap distance (o, mm), powder feed rate (R, g min-G), 

mean dimension of the feedstock material (gs, mm) and diameter of the heat source 

(dheatsource, mm). Adapted from [CG]. 

Designation Unit of measure Formula 

Linear heat input J mm-G pqr =
s
t  

Effective energy density per unit of 

area 
J mm-C u:vv =

s
t	XwZx:y

 

Energy density or volumetric 

fluency 
J mm-] z =

{|};	s
ℎ	X	�  

Energy density 
J mm-] 

 

uf =
s

t	ℎ	X 

uf =
s

no:]XwZx:y	ℎ	X
 

uf =
s

no:]XwZx:y	ℎ	X
	(2 −

ℎ
X;
) 

Powder deposition density g mm-C sff =
c

t	XwZx:y
 

Dimensionless energy density - 

uf = l
s

t	ℎ	X 

where l = ÄÅ
]ÇÉbÑ	ÅÖÜáàÉ
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Figure G.CC: Effect of energy density on macro and microlevel microstructural features and 

variation in the chemical composition [S]. 

 
 
1.2.5 Defects 

Additively manufactured parts are characterized by peculiar microstructural 

discontinuities, or defects. Defects will be thoughtfully investigated in the next 

sections regarding the experimental activities and can be synthetized as follows 

[_,f,S]:   

• Porosity  

o Process-induced porosity due to both incomplete melting and 

keyhole phenomena. Incomplete melting, often termed lack of 

fusion, appears as an irregular cavity formed due to insufficient 

energy, in which un-melted material can be also observed. Keyhole 

phenomenon is usually observed when the power or energy density 
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is to elevated and a change in the heat exchange mode from 

conduction to keyhole occurs. As a result, gas might be entrapped 

into the melt pool.   

o Gas-induced porosity, usually present as micro (GE-CE µm) spherical 

porosity and due to gas trapped into the melt pool or consequent to 

vaporization of one or more alloying elements. In powder bed fusion, 

gas porosity can be also due to the porosity content in the feedstock 

powders 

• Cracking 

o Macroscopic cracks nucleated in correspondence of a macroscopic 

defects in the material or due to delamination (separation between 

two layers due to incomplete melting). 

o Microscopic, divided in solidification cracking and liquation 

cracking. Solidification cracking occurs along grain boundaries and 

it is related to the different contraction during cooling experienced 

by the latest layer and the previously deposited one. The upper layer 

will contract due to both thermal contraction and solidification 

shrinkage, the lower one, that experienced a lower temperature, will 

contract to a lesser extent. Consequently, a tensile stress is generated 

and, if it exceeds the strength of the material, a crack can be 

originated. Liquation cracking is observed in the partially melted 

zone where, upon re-heating due to the deposition of subsequent 

layer, the undesired melting of low-melting phases at grain 

boundaries occurs. During cooling and relative contraction, the 

liquid film can act as site for crack initiation. The alloys 

characterized by a large solidification range, solidification 

contraction, or thermal contraction are more prone to liquation 

cracking.  

• Spatters are defined as portions of molten material ejected from the melt 

pool that can be recognized as large globular particles landed on the surface 

or on the processing layer. They are due to the interaction between the 
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material and the thermal source and can be limited by a proper protection 

of the pool carried out by the shielding gas.   

• Balling that, as already discussed, is related to the surface tension and it is 

present as spherical particles that arise from the surface of the layer.   

 

Most of the above-mentioned defects are related to the production process. 

Indeed, as will be analyzed in the following experimental sections, they can be 

minimized or limited by optimizing the process parameters. Others are, indeed, 

material-related and can be limited by a modification in the chemical composition 

as, for example, the addition of grain-refiners or alloying element that reduce the 

solidification range [CG]. 

 
SURFACE QUALITY 

Microstructural defects affect also the surface quality of additively produced 

metallic parts. In fact, surface finishing of AM parts is usually poor. According to 

Debroy et al. [_], causes for poor surface quality can be synthetized in: i) stair step 

effect, due to the layer-wise approach that leads to the approximation  of curved 

and inclined surfaces (Figure G.C]a); ii) surface roughness caused by improper 

melting, spattering and balling phenomenon, as also evidenced by [_E] (Figure 

G.C]b). While the first aspect is strongly related to process parameters such as layer 

thickness and building directions, the latter one is more related to typical defects 

of AM described in the previous paragraph, especially balling and spattering 

phenomena. In this view, as will be later discussed, WAAM is usually characterized 

by a poor surface quality mainly due to the large layer thickness adopted, while 

LPBF is mainly affected by partially melted powder adherent to later surfaces. 

Spattering phenomena, instead, can results from both technologies and spattering 

particles can adhere to the surface of produced parts, as showed in Figure G.C]b in 

case of LPBF. 
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a  

b  

Figure G.C]: Principal aspects influencing the surface quality of AM parts: a) stair-step effect [_G]; 

b) spattering, balling and un-melted particles on LPBF part surfaces [_E].  

 

Surface quality of AM parts will be further explored in the following Chapter 

concerning experimental analyses. Process parameters can, to some extent, be 

optimized to improve the surface quality of the final components. WAAM and 

LPBF as-built surface quality will be analyzed and discussed However, up to now, 

a post process surface treatment is usually employed, as also highlighted by this 

very recent review [_C].  

 

1.3 Peculiar aspects of LPBF 

When considering the additive process based on powder bed fusion by means 

of a laser beam, a few more aspects related to the feedstock material and their 

interaction with the laser beam have to be considered, as discussed in the following 

sections.  
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1.3.1 Feedstock powder properties 

Powder used as feedstock materials in LPBF technologies must fulfil peculiar 

characteristics and several aspects must be considered, such as: 

• Chemical composition complying with requirements. 

• Normal particle size distribution between GE and dE µm.  

• Spherical shape.  

• Smooth surface and without satellites. 

• Absence of internal porosity. 

 

Shape, morphology and particle size distributions directly affects the following 

properties that determine the proper distribution of an even powder bed: 

• Flowability 

• Density 

o Apparent (mass per unit volume naturally occupied by particles)  

o Tap (mass per unit volume occupied by tapped particles) 

 

Flowability is favored by spherical and smooth particles and a high flowability 

promote the even distribution of the powder bad. Spherical and smooth particles 

contribute also to promote the packaging density of the powder bed. Packaging 

density of the powder bed is crucial in order to obtain full density parts and, as 

shown in Figure G.C_, it is also strongly dependent on the particles size distribution. 

Indeed, a normal distribution of particles size (Figure G.C_a) with and adequate 

balance between small and large particles improve the filling of the entire volume 

of the deposited layer (Figure G.C_b). 
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a b 

Figure G.C_: Typical particle size distribution (a), influence of particle size distribution on packing 

density of the layer (b) [d,_]]. 

Consequently, powders for LPBF are usually obtained via gas and plasma 

atomization, that can guarantee a proper control of shape and morphology [_]]. In 

Figure G.CB powder obtained via gas atomization (GA) and plasma rotating 

electrode process (PREP) are compared. Ideal spherical and smooth powder can be 

obtained via PREP, while a few defects can usually be found in GA powder, such 

satellites and internal pores. However, GA is a more versatile and economic process 

that can be applied to several metallic material while PREP is expensive and 

dedicated to specific material, such Ti-alloys.  

 

Figure G.CB: Comparison between powder obtained with gas atomization (a, b, c) and plasma 

rotating electrode process (d, e, f). Free powder and powder cross-section. Adapted from [f]. 
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According to Hebert [__], properties of the feedstock material directly influence 

the quality of the powder bed and the process of heating and melting of powder, 

as already discussed in Section G.G.G. Subsequently, also physical properties like 

melting and boiling temperature, thermal conductivity, heat capacity, latent heat 

of fusion, have to be taken into consideration. In addition, also the possible 

superficial oxidation and moisture absorption should be avoided and storage 

conditions should be properly controlled. All these aspects will be addressed in the 

following sections regarding the experimental activities carried out during the PhD 

course.  

 

1.3.2 Powder-beam interaction 

Prior to melting and solidification, several physical-chemical phenomena are 

involved in the interaction between laser beam and powder bed, that are addressed 

in the current section.  

 
ABSORPTIVITY OF METALS POWDERS 

Metallic powder particles are highly reflective and, as a consequence, LPBF 

technologies are considered as highly inefficient processes since only a small 

portion of the irradiance of the incoming beam is absorbed by the powder bed. As 

illustrated in Figure G.Cda, when the laser beam approaches the powder layer, 

scattering of rays occurs, leading to a power-loss. Concurrently, scattering of rays 

occurs also between metallic particles, as schematized in Figure G.Cdb; this 

phenomenon is called multiple scattering and enhances the efficiency of LPBF, 

especially in case of highly reflective metals, such as Au, Al and Cu.  
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a b 

Figure G.Cd: Interaction between laser beam and powder bed: a) scattering of the incoming beam, 

b) multiple scattering between powder particles [_B] 

 

Consequently, the absorptivity of a single powder particle (ideally a sphere) is quite 

different from the absorptivity of a layer of powder; moreover, the absorptivity of 

a flat surface differs from the absorptivity of a layer of powder. Hence, when 

processing a layer of the powder bed, the total absorptance to be considered is the 

result of the system powder layer-solid substrate (i.e. the previously processed 

layer, melted and rapidly solidified). Boley et al. [_B] performed a calculation of 

laser absorption by metal powder particles in additive manufacturing in case of a 

simplified powder layer consisting of spherical and smooths powders of identical 

size, closely packed. In their study, they considered the absorptivity of a single 

powder particle, a layer of powder and the system layer plus substrate.  Referring 

to Table G.], the most important parameter in LPBF technologies is the total 

absorptivity by spheres and substrate, reported in column D, noticeably higher 

than the one of an isolated sphere (column B) or a flat surface (column _). As 

mentioned before, the enhancement is due to the multiple scattering phenomena, 

crucial in the case of highly reflective material, as remarked by the relative 

absorptivity reported in column GE. By analysing data summarized in Table G.], it 

is possible to deduce that materials like stainless steels or titanium alloys are more 

easily processable than aluminium or copper. In addition, it is evident that most 

of the power is absorbed by the top of the powder layer (column d), and only a 

small portion of it reaches the substrate (column S) or even the bottom of the layer 

(column f). 
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Table G.]: Absorption measurements for several metallic material [_B] 

 
 

However, the actual powder morphology can be far from spherical and the 

spatial distribution of powder in the layer can be un-optimized, leaving voids. Size 

and spatial distribution of powder can lead to fluctuation in the total absorptivity, 

along with rough and oxidized powders surfaces [_d,_f]. Fluctuations can be 

almost negligible for moderately reflective metals, such as stainless steels, but 

become substantial for highly reflective ones, where size, morphology and 

distribution of the powders particles affects the multiple scattering phenomenon. 

Moreover, the absorptivity is also sensitive to the layer thickness and to the 

wavelength, diameter and distance of the laser beam, especially if its size is 

comparable to the particles one []],_B,_S]. The dependence of the absorptivity 

from the wavelength of the laser beam is illustrated in Figure G.Cf: most of the 

commercially available SLM machines works with laser source with a wavelength 

close to G µm (e.g. YAG:Nd), while COC laser have a wavelength close to GE µm.  

 

 

Figure G.Cf: Laser radiation absorption of several metallic materials as a function of wavelength 

[]]] 
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The absorptivity of metal increases with temperature [_D]. Thus, during the 

heating and subsequent melting of powders the response to the incoming laser 

beam changes. In addition, during the process, part of the laser beam can be 

trapped by the complex phenomena generated, such as the vapor plume that will 

be discussed in the following paragraph. Measurements of the in-situ absorptivity 

of metallic powder during LPBF was performed by Trapp et al. [BE] for the AISI 

]GdL steel considering both the case of a flat disc and the powder-substrate system. 

Results are represented in Figure G.CSa: in the case of flat surface, absorptivity 

depends both on the laser power and on the scanning velocity and, for high power 

regime, reaches a saturation. By comparing the behavior of the flat disc with the 

one exhibited by the disc covered by a layer of powder (Figure G.CSb,c) it can be 

noticed that a low laser power regime the absorptivity of the powder is higher than 

the flat disc, in the reason of the previously discussed multi-scattering 

phenomenon. Then, when melting of the powders occurs, the absorptivity 

decreases rapidly and, by increasing the power, absorptivity raises again reaching 

the saturation level (approx. E.d). In case of high scanning velocity, the absorptivity 

of the powders is higher than the one of the flat disc, and vice versa in case of low 

scanning velocity. The absorptivity at high power and high velocity is strongly 

related to the transition of the heat transfer from the conductive to the keyhole 

mode and to the vapor plume formed.  

 
 

   

a b c 

Figure G.CS: Absorptivity measurement on AISI ]GdL: a) flat surface, b) and c) comparison between 

flat surface and powder [BE].   

 



 CHAPTER 1 – METALLURGICAL FEATURES OF ADDITIVELY MANUFACTURED METAL PARTS 
 

 43 

SPATTER AND DENUDATION 

As schematized in Figure G.CD, as a consequence of the interaction between the 

laser beam and the powder bed, a laser-induced vapor plume is formed [BG,BC].  

 

Figure G.CD: Schematic representation of the laser-beam interaction effects in LPBF 

The vapor plume is the result of the combination of metal vapor and plasma 

generated above the melt pool. The vapor plume applies a recoil pressure on the 

melt pool and tends to eject metallic material away from the fusion zone, this 

phenomenon is known as spattering. As depicted in Figure G.CD, the material 

ejected can be in form of liquid (liquid spatters) of in form of powder (powder 

spatters). Driving forces of the dynamics of the melting process are the previously 

discussed Marangoni convection and the recoil pressure caused by the laser plume 

[BG]. Indeed, while the Marangoni convection tends to evenly spread the molten 

material, the inward flow generated by the recoil pressure tends to eject the molten 

material away from the liquid pool. The balance between these two forces governs 

the stability of the molten pool and dynamics of solidification process. Another 

issue related to the laser-beam interaction is denudation that is defined as a 

depleting of powders in the regions surrounding laser tracks as a consequence of 

the recoil pressure [B]].  Recent work focused on the analyses of the dynamics of 

fluid and particles [BG,BC] evidenced that laser power and scanning velocity have a 

major role in determining the extent of the vapor plume.   
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Chapter 2 

LASER-BASED POWDER BED FUSION  
OF COCRMO BIOMEDICAL ALLOYS 

A LITERATURE REVIEW 

 

 

 
2.1 CoCrMo as biomedical material 

 
2.1.1 Historical background 

Cobalt-Chromium alloys with a significant content of refractory elements (i.e. 

tungsten) were firstly developed in the early >?th century and, in the reason of their 

high corrosion resistance, wear resistance and strength, they were soon adopted 

for the production of removable dental devices, replacing stainless steels as a low-

cost alternative to gold-base alloys [B]. Subsequently, C and Cr content were 

adjusted and cast Co-Cr-W alloys were frequently used for the fabrication of 

orthopedic fracture-fixation devices, such as plates and screws. In the BJK?s, W 

was substituted with Mo since at the time in North America Mo was easier to 

provide than W, and the addition of Mo in Co-Cr alloys enhanced their corrosion 

resistance, allowing the adoption of such materials for permanent orthopedic 

implants for joint reconstruction, like semi and total hip implants, mandibular 

plates as well as partial and total knee replacements. These early devices were 

produced by investment casting, due to complex geometries achievable with this 

technique and high carbon content (approx. ?.> wt.%) was considered to promote 

castability. However, it is well known that casting products have generally low 

mechanical strength with respect to wrought components, thus wrought CoCrWNi 

alloys with low carbon content (approx. ?.?S wt.%) were developed in the early 

BJT?s. Wrought CoCrWNi alloys were characterized by lower corrosion ad wear 
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resistance than cast CoCrMo alloys, as a consequence in the BJW?s high-carbon 

CoCrMo alloys for thermomechanical forging were developed. Concurrently, by 

the end of BJX?s, powder metallurgy technologies were exploited for the 

production of high-carbon CoCrMo components starting from gas atomized 

powders.  

Nowadays, orthopedic and dental implants still represent the main application of 

cast and wrought CoCrMo alloys, while in other medical areas such as orthodontics 

and cardiovascular surgery they are gradually replaced by titanium and platinum-

base alloys, respectively.  

 

2.1.2 Biomaterial requirements 

A biomaterial is defined as: “any biocompatible material, natural or man-made, 

which is used to replace or assist part of an organ or tissue, while in intimate contact 

with it” [>]. Metals are widely used biomaterials, especially for structural 

application such as implants, scaffolds and pins. The main reason is related to their 

excellent mechanical properties that make metals suitable for load-bearing 

medical devices. Not all metallic materials can be used as biomaterials. In fact, four 

main families of metals are the most commonly used: stainless steels, titanium 

alloys, shape memory alloys and CoCrMo alloys. More specifically, metals must 

fulfil well-defined requirements, in order to be considered as biomaterials [>–S]:  

• Excellent corrosion resistance (particularly in vivo); 

• Good mechanical properties; 

• Good wear resistance; 

• Excellent biocompatibility; 

• Good osseointegration (in case of implants). 

The applicability of the above-mentioned metal alloys as biomaterials relies in the 

formation of a protective thin oxide film that assures an excellent corrosion 

resistance. The biocompatibility, instead, “implies that the local or systemic 

response does not impair the device function or the health of the patient, which 

requires that it does not induce a tumorigenic (cancer) nor a toxicological (e.g., cell 
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death and tissue necrosis) response” [a]. Lastly, the osseointegration is defined as 

the stable union formed between the bone and the implanted device. Titanium has 

the best biocompatibility, it is inert and its oxide film is thermodynamically stable 

and capable to resist in all human body fluids. However, titanium-based alloys are 

not suitable for application requiring a high wear resistance, such as joint 

replacement devices, for which CoCr alloys are preferred [>,W]. Therefore, CoCrMo 

alloys are used for the fabrication of permanent joint replacement implants due to 

their excellent wear resistance. They also show a satisfying biocompatibility and 

corrosion resistance that is assured by the formation of the Cr>OK oxide film [X].  

 

2.1.3 Additive manufacturing in the biomedical field 

One of the major drawbacks concerning CoCrMo alloys is related to the 

manufacturing process. These alloys have a high melting point (BKS?-BTS? °C) and 

are also difficult to machine, so they are commonly manufactured via forging 

processes. Only in case of complex design, such as the femoral component of a 

knee prosthesis, investment casting or metal injection molding (MIM) is adopted. 

Wrought alloys are manufactured through a series of forming, reheating, and 

further forming steps starting from high temperature (JK?-BBJ? °C), that make the 

whole process expensive [J]. As a consequence of the described processing routes, 

medical implants are commonly realized in a limited number of sizes and shapes, 

that reasonably cannot fit all patients. In this view, additive manufacturing 

technologies can be proficiently applied to the biomedical field for the processing 

of CoCrMo alloys and for the fabrication of tailored devices, enhancing the 

patient’s quality of life and preventing revision surgery [B?]. Actually, the 

possibility has been already investigated and a standard procedure proposed, as 

displayed in Figure >.B [BB]. The adoption of additive manufacturing technology, 

specifically powder bed fusion, can also promote reduction of the stress shielding 

effect occurring when bone and implant are joint. The elastic modulus of the 

cortical bone (B?-K? GPa) is lower than elastic modulus of metals. This difference 

is enhanced in case of CoCrMo alloys, whose modulus is >T? GPa. As a 

consequence, the metal implant acts as load bearing element, replacing the bone 

and inducing biological responses, such as atrophy [>]. The fabrication via additive 
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manufacturing of tailored prostheses, with complex lattice structures and 

engineered stiffness, might mitigate the occurrence of this phenomenon and, 

concurrently, improve osseointegration [B?,B>,BK].  

 

 

Figure >.B: Procedure for the fabrication of customized implant via additive manufacturing [BB] 

 

2.2 Metallurgy of conventionally processed Co28Cr6Mo 

alloy 

By focusing on the orthopedic applications, the Co>XCraMo alloys are currently 

used for permanent implant devices, such as ankle and knee prostheses. According 

to the ASTM designation system, Co>XCraMo alloys are classified on the basis of 

the processing route, as summarized in Table >.B. As mentioned in the previous 

section, investment casting and warm/hot working represent the manufacturing 

route conventionally adopted for these alloys. Among the alloys, small variations 

in the chemical composition can be found, mainly related to the carbon content 

that can vary between C=?.BT-?.KS wt.%, while all of them have a low Ni content, 

set up to a maximum of ?.S wt.% for the cast alloy and B.? wt.% for the wrought 

alloy, in order to prevent Ni-sensitization.  The nominal chemical composition of 

the Co>XCraMo alloys and the role of major alloy elements are reported in Tables 

>.> and >.K respectively. Among alloy elements, the most relevant is Cr that, by 

forming the protective Cr>OK passivation film, gives this alloy an adequate 

corrosion resistance, enhanced by the presence of Mo. However, due to the 

presence of C, carbides might form. Carbides formation can be detrimental for 
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corrosion resistance, since they deplete the Cr and Mo content in the matrix. At 

the same time, carbides increase wear resistance of the alloy, relevant for the final 

applications. Therefore, the two aspects have to be proper balanced. It should be 

also noticed that, since Co is an allotropic element, alloy elements may contribute 

to stabilize the hcp (hexagonal compact) equilibrium phase or the metastable fcc 

(face-centered cubic) phase [B].  

 

Table >.B: ASTM designation for Co>XCraMo alloys for orthopedic implants  

Alloy Processing Route Carbon 
content Pros Cons 

ASTM F75 Investment casting High 

High wear resistance 
due to carbide 

distribution and work-
hardening ability. 

Large grain size, 
porosity and 
shrinkage. 

ASTM 
F1537 
ASTM 
F799 

Wrought/Forging 
 

Low 
High tensile and 

fatigue strength due to 
the FCC to HCP 
transformation 

occurring during cold 
working 

Low wear 
resistance. 

High 

Good wear 
resistance but 

more difficult to 
process. 

ASTM 
F1377 Powder for coating High   

 
 
 

Table >.>: Nominal chemical composition for the Co>XCraMo alloy [BT,BS]  

Elements (wt.%) 

Co Cr Mo C Si Fe Ni Mn N 

Bal. 
>a.? – 

K?.? 

S.? – 

W.? 

?.BT- 

?.KS 

B.? 

max 

?.WS 

max 

B.? 

max 

B.? 

max 

?.>S 

max 
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Table >.K: Role of major alloy elements in the Co>XCraMo alloy [B] 

Element Role 

Cr 

Responsible for the high corrosion resistance of the alloy (forms the protective 

Cr>OK oxide film). 

Tends to form MWCK and M>KCa carbides. 

Helps stabilizing hcp Co phase.  

Mo 

Improves corrosion resistance. 

May forms MaC and MB>C carbides.  

Helps stabilizing hcp Co phase. 

C 

Improves castability and decreases formability of the alloy. 

Forms carbides (beneficial for wear resistance but detrimental for corrosion 

resistance). 

Helps stabilizing fcc Co phase. 

Ni 

Improves formability of the alloy.  

Helps stabilizing fcc Co phase. 

May cause Ni-sensitization. 

 

Wrought alloys are usually delivered in the hot/warm worked and annealed 

condition, while the cast alloy is usually subjected to a final solution treatment or 

hot isostatic pressing (HIP) to reduce solidification defects. More recently, powder 

metallurgy processes like metal injection molding (MIM) have been adopted for 

the processing of this alloy [Ba]. For comparison purposes with the LPBF alloy, the 

metallurgy of the Co>XCraMo cast alloy will be discussed below.  

 

2.2.1 Co28Cr6Mo investment casting alloy 

Cast Co>XCraMo alloy is processed by investment casting, also known as lost 

wax process. As disclosed in Figure >.>, the process is based on initial designs made 

of wax and assembled in the so-called casting tree, that is later coated with a thick 
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layer made of refractory slurry. Once the casting tree is dried and dewaxed, the 

molten alloy is poured into the casting tree and, once solidified, the metal part is 

extracted from the tree by destroying the ceramic shell. The Co>XCraMo alloy 

melts at approximately BKS?-BTS? °C, depending on the exact composition, and it 

is poured in the shell pre-heated at approximately B>?? °C [BW]; as a result, the 

whole investment casting process is quite expensive and intricated, since it 

involves several specific steps.  

  

  

 Figure >.>: The investment casting process, a step by step illustration [BX] 

 

The as-cast microstructure (Figure >.K) is generally coarse and highly cored. It 

consists of a cobalt-rich dendritic phase (γ-fcc metastable phase) and precipitates 

at grain boundaries and interdendritic regions. These precipitates are enriched in 

alloy elements and can be identified as: blocky carbides (mainly M>KCa), a brittle 

intermetallic s-phase, and a coarse lamellar structure consisting of interlayered 

plates of γ-fcc (also referred to as α-fcc in the literature) and M>KCa phases [BW,BJ].   
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a 

 

b 

Figure >.K: As-cast microstructure of the Co>XCraMo alloy: a) low magnification showing 

dendritic structure; b) detail of interdendritic region [BJ] 

 

With reference to the Co-Cr phase diagram in Figure >.T, the equilibrium phase 

at room temperature for this alloy is the ε-hcp phase. However, since the γ-fcc to 

ε-hcp phase transformation, occurring at approximately XJ?-JS? °C, is sluggish 

and not kinetically favored, the metastable γ-fcc is usually retained at room 

temperature [B,BW]. The γ-fcc to ε-hcp transformation can be promoted by post-
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process isothermal heat treatments, work hardening, and water quenching, that 

might induce a martensitic transformation [>?].  

 

Figure >.T: Co-Cr binary phase diagram, the vertical dashed line refers to the Co>XCraMo 

composition [>B] 

The complete list of phases and precipitates in biomedical Co-Cr-Mo alloys can be 

found in Table >.T, as reported by Narushima et al. [>>]. According to their works, 

second phases in Co-Cr-Mo alloys strictly depend on the carbon and nitrogen 

content. Based on their nomenclature, in the definition of M>X, M>KXa, MWXK 

phases the letter M stands for metal element and X for carbon or nitrogen. χ phase 

is an intermetallic compound which is promoted by the presence of Si and a 

relatively low carbon content. The η and π phases are carbon rich carbonitrides. 

Both MaX and MB>X compounds belong to the η phase, that is enriched in Mo. π 

phase forms at high temperatures (B>WS-BKS? °C) where partial melting of the alloy 

occurs and its presence depends on the cooling rate from these temperatures: a 

high cooling rate may promote the retainment of such phase while slower cooling 

rates promote the transformation π à Co(γ-fcc) + M>KXa. Therefore, it is plausible 

that in investment casting products the π-phase is usually not observed. The M>X 

is a nitrogen-rich carbonitride, while the M>KXa phase is nearly a carbide and it is 

mainly composed by Cr, as disclosed by the chemical composition in Table >.T.  
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Table >.T: Chemical composition and crystal structure of phases detected on CoCr biomedical 

alloys [>>]. The acronym N.A. stands for not available. 

Phase 
Crystal 

Structure 

Chemical composition (at.%) 

Co Cr Mo C N Si Mn 

         

M>X  K.W a>.J S.S B>.W BS.> - - 

M>KXa Cubic 
B>.a-   

BT.a 

SX.a- 

aB.a 

S.>-     

a.? 

BW.S- 

>>.B 
N.A. N.A. ?-?.B 

MWXK Cubic Co:Cr:Mo = >a.? : aS.X : X.> 

π Cubic 
KB.?-  

KX.? 

KX.J- 

TK.W 

J.a-   

B>.? 

BB.J-  

BT.K 
?-K.K ?->.S ?-B.B 

s 
Topologically 

closed-packed 
Co:Cr:Mo = TT-TW.a : TB.B-TT : BB.>-B> (C content non measured) 

η β-Mn 
>J.T-

KB.B 

>K.T-

>K.S 

>>.a-

>>.W 

B?.X-

BK.B 
?-T.? 

X.?- 

BB.T 
- 

χ α-Mn TX.S KT.a B>.W N.A. - T.K - 

 

 

As mentioned above, carbon content has a major role in the formation of second 

phases, followed by nitrogen and silicon. The graph reported in Figure >.Sa shows 

the variation in the relative intensity of the strongest peak of second phases as a 

function of C content, as determined by XRD analyses of extracted particles (Figure 

>.Sb) [>>]. The effect of N and Si is instead depicted in Figure >.aa,b.  
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a b 

Figure >.S: Analyses of second phases for the Co>XCraMo alloy: a) relative intensity of the 

strongest peak as a function of C content; b) relative XRD spectra [>>]. 

 

  

a b 

Figure >.a: Effect of minor alloy elements on second phases for the Co-Cr-Mo alloys: a) nitrogen; 

b) silicon [>>]. 
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HEAT TREATMENT 

To partially homogenize the microstructure, the as-cast components are 

subjected to a short (B-K h) solution treatment in the range B>??-B>>S °C, and in 

any case below B>KS °C that corresponds to the melting point of the Cr, Mo, C-

enriched eutectic interdendritic regions. The solution treatment results in a partial 

dissolution of carbides, even if some are retained since they enhance the wear 

resistance of the alloy. In order to reduce also solidification defects such as internal 

porosity and interdentritic shrinkages, solution treatment can be replaced by a HIP 

process, performed at B>>?-B>K? °C with an isostatic pressure of B?S MPa and 

holding for > h. Both solution treatment and HIP have to be performed in an inert 

atmosphere. From the solution treatment temperature, the alloy is rapidly cooled 

by water quenching, in order to avoid the precipitation of brittle M>KCa carbides, 

occurring in the BB??-X?? °C range [BW]. After quenching, the alloy may undergo 

an isothermal aging treatment (also referred to as an aging anneal) at 

approximately XJ?-J?? °C, where ε-hcp is stable according to phase diagram, to 

promote the formation of the so-called isothermal martensite platelets or bands, 

that typically form transgranularly. Aging treatments also induce the formation of 

stacking faults by partial dislocation within γ-fcc phase and faulted zone 

themselves, resulting in a two-phase fcc-hcp structure. Moreover, aging treatment 

promotes the precipitation of finely dispersed carbides (mainly M>KCa) among the 

hcp zones or at the hcp-fcc boundaries [B]. The heat treatment conditions for the 

cast Co>XCraMo alloy are summarized in Table >.S, while typical mechanical 

properties are reported in Table >.a.  

 

Table >.S: Heat treatment condition for the Co>XCraMo cast alloy 

Solution treatment Water 

Quenching 

Artificial aging treatment 

Temperature  

[°C] 

Time at 

temperature  

[h] 

Temperature 

[°C] 

Time at temperature 

[h] 

B>??-B>>S B to K XJ? - J?? - 



 CHAPTER 2 – LPBF OF COCRMO BIOMEDICAL ALLOYS, A LITERATURE REVIEW 

 63 

Table >.a: Typical mechanical properties for the cast Co>XCraMo alloy [BT,BW] 

HRC Hardness 

Tensile properties Fatigue resistance 

 Ys [MPa] UTS [MPa] A% [MPa] 

>S-KS  TS?-SK? aSS-XJ? BB-BW >?W-KB? 

 

Micrographs showing the evolution in the microstructure during aging up to Ba h 

are reported in Figure >.W. Micrographs show that in the early stages of aging (T 

and X h), a progressive precipitation of M>KCa carbides at grain boundaries and 

inside grains occurs [>K]. By increasing aging time (Ba h) the lamellar structure, 

growing from grain boundaries, becomes the dominant feature in the 

microstructure. 

 

   

Figure >.W: Optical micrographs of solutionized and isothermally aged Co>XCraMo cast alloy at 

JS? °C for, (a) T h, (b) X h, (c) Ba h [>K].  

 

Aging response of the Co>XCraMo solution-treated cast alloy was investigated 

by Taylor and Waterhouse [>T] who proposed the time-temperature-precipitation 

(TTP) diagram reported in Figure >.X. In their study, only M>KCa carbides were 

evidenced by XRD analyses of the extracted particles of solution-treated and aged 

alloy. According to their findings, precipitation started with feathery, 

interdendritic phase and lamellar structure at grain boundaries.  In the range aS?-
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J?? °C, M>KCa carbides nucleated and grew in association with stacking faults 

within the γ-fcc Co phase and developed as blocky carbides at grain boundaries. 

For temperatures higher than J?? °C, the precipitation mechanism changed as 

M>KCa nucleated on dislocations. At temperature above J?? °C, indeed, the γ-fcc 

Co phase became instable and diffusion processes are promoted, thus justifying 

the change in the precipitation mode.   

 

 

Figure >.X: Time-temperature-precipitation diagram for the Co>XCraMo solution treated cast 

alloy: x stands for no precipitation; F stands for feathery, interdendritic precipitate, and lamellar 

structure at grain boundaries; G stands for blocky grain boundary phase; M indicates change in 

morphology; W indicates orientation effects in the matrix phase; P stands for no lamellar 

structure; PW stands for spheroidized, agglomerated lamellae; D represents dissolution apparent 

[>T].  

 

2.3 Wear of biomedical implants 

Human synovial joints are a load bearing dynamic structure that operates, in 

average, for a total lifetime of W? years and B?X loading cycles (Figure >.Ja). They 

are naturally lubricated by the synovial fluids and, in fully operating conditions, 

have a low friction coefficient and wear rate, set at ?.?> and B?-a mmK N-B 
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respectively [>S]. However, they may deteriorate as a consequence of natural aging, 

trauma and diseases. When the natural joint cannot operate anymore, it can be 

replaced with an artificial orthopedic implant (Figure >.Jb).  

 

  

a b 

Figure >.J: Synovial joint (a); knee joint replacement (b) [>S,>a]. 

 

To guarantee the proper mechanical strength and adequate wear resistance, 

implant for joint replacement are often made of CoCrMo biomedical alloys, 

especially in case of knee and ankle joints. Failure of the implant usually does not 

occur due to excessive wear of the device. However, wear debris of the artificial 

joint might induce a biologic response in the system causing inflammation, local 

osteolysis and also local or systemic hypersensitivity. As a consequence, wear 

behavior of the CoCrMo alloy is crucial in order to reduce implant loosening due 

to the aforementioned biological reactions that affect the bone-prosthesis interface 

that can eventually lead to implant failure [>W]. By focusing on the CoCrMo alloys, 

it should also be mentioned that neurotoxicity of Co consequent to metal release 

from orthopedic implants is under investigation [>X]. The scheme in Figure >.B? 

synthetizes the reported causes of implant failure, that can eventually lead to a 

revision surgery. From the scheme, it is quite evident that debris generated by wear 
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and corrosion phenomena play a major role in determining the success of the 

arthroplasty and patients’ quality of life. 

 

 

Figure >.B?: Reported causes for implant replacement failure [>J] 

Historically, artificial joints were made as metal-on-metal implants, where load-

bearing surfaces of the artificial joint where directly in contact. Even if this solution 

was not convenient from the tribological point of view, as direct contact of 

identical metals should be avoided, it was an acceptable balance between wear and 

corrosion properties. In fact, by using two identical metals, electrochemical 

corrosion, due to electrolytic reaction between different metals, can be avoided.  

Modern implants belong instead to the metal-on-polymer type where, as showed 

in Figure >.Jb, a polymeric insert is interposed between metallic surfaces. This 

adoption results in the reduction of the frictional torque of the artificial joint and 

prevents implant loosening. In metal-on-polymer implants wear debris are mainly 

composed by polymeric elongated micrometric particles [>W]. However, wear of 

the metal alloy can occur as a consequence of tribo-corrosion phenomena in 
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correspondence of metal-on-metal modular junctions where micro-motions 

between the two components might be developed [K?].  

The artificial joint is a complex tribological system that can be investigated at 

different levels:  

• Laboratory scale wear tests (pin-on-disk, ball-on-disk, block-on-disk 

configurations) for wear mechanism evaluation; 

• Joint simulators to study the whole implant; 

• In-vivo experiments to assess the response of the whole joint replacement. 

 

As reported in the review by Hussein et al. [>J], laboratory scale tests were quite 

extensively adopted to study wear mechanisms of the main metallic biomaterials.  

Even though literature studies are usually obtained in very different conditions 

making results hardly comparable, among metallic biomaterials the Co-based ones 

are generally characterized by the highest wear resistance.   

   

2.4 LPBF of Co28Cr6Mo alloy 

Due to the relevance of additive manufacturing in the biomedical field, many 

literature studies focused on the application of AM techniques, particularly 

powder bed fusion ones, to CoCrMo alloys. However, most of the experimental 

works dealt with the alloy specific for dental application, that contains also W as 

alloy element (approx. T–a wt.%). Fewer researches have been specifically devoted 

to the orthopedic alloys, with composition complying with the requirements 

reported in Table >.>. From the process point of view, the Co>XCraMo alloy is 

considered an easily printable material and the majority of the consulted literature 

works reported successful fabrication of near-full-density parts. Process 

parameters adopted in the literature are not reported in the present section but 

the role of process parameters in the optimization of LPBF process of this alloy will 

be thoroughly investigated in the next chapter regarding experimental activities. 

From the metallurgical point of view, literature data evidenced that the 

Co>XCraMo alloy, when processed via LPBF, solidifies in a hierarchical 
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microstructure (Figure >.BB) consisting of epitaxial columnar grains, crossing-over 

layers and sub-micron sized cellular structure, as for many other metal alloys [KB]. 

The solidified semi-circular melt pools are clearly identifiable in the low 

magnification micrograph in Figure >.BBa, while columnar grain growth due to 

epitaxy were evidenced by EBSD analyses in Figure >.BBb. High magnification 

microscopy allowed to further highlight the developed cellular structure and the 

competitive growth starting from melt pool borders (Figure >.BBc,d). 

 

 
 

a b 

  

c d 

Figure >.BB: Hierarchical microstructure of the LPBF Co>XCraMo alloy resulting from scanning 

electron microscope analyses: a) low magnification SEM micrographs highlighting melt pool 

borders, b) EBSD analyses revealing columnar epitaxial grains crossing over layers, c) high 

magnification SEM micrograph of melt pool core (“mid” area in figure a), d) SEM high 

magnification micrograph of melt pool border where grain grow direction are evidenced by white 

arrows (adapted from [K>,KK]). 
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The development of the cellular microstructure was explained by Prashanth and 

Eckert [KT]. CoCrMo is a ternary system, however, Mo content in the Co>XCraMo 

alloy is not sufficient to form the ternary phase CoTJCr>BMoK?. Thus, the ternary 

CoCrMo diagram can be considered as a pseudo-binary diagram, with CoCr and 

Mo as main phases. During solidification, the low-melting CoCr phase forms 

directly from the liquid, ejecting the high-melting Mo phase, due to negligible 

solubility of Mo in the CoCr phase. As a consequence, Mo is segregated on cell 

boundaries. Micro-segregation between cell core and border was supported by 

SEM and TEM analyses, reported in Figure >.B>, that revealed accumulation of Cr 

and Mo (Figure >.B>a) and C (Figure >.B>b) in correspondence of cell borders. In 

view of these findings, it is possible that the fine network surrounding Co-based 

cells mainly consists of carbides [KS,Ka]. 

 

 

 

a b 

Figure >.B>: Semiquantitative analyses revealing solute concentration at cell borders: a) TEM 

analyses showing segregation of Cr and Mo, b) SEM-EDS analyses revealing a higher C content 

(adapted from [Ka,KW]).  

As regards phase composition, several authors report the co-existence in the as-

built alloy of both γ-fcc and ε-hcp, from a W:K ratio up to almost equal proportions 
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[KS,KX,KJ]. Therefore, the LPBF process, presumably due to repetitive thermal 

cycles during building, promoted the partial transformation to the equilibrium 

phase. In one case [KS], XRD analyses revealed also the presence of approximately 

>% carbides (M>KCa) content, supporting the previously discussed metallographic 

analyses on the fine carbide-based network that surrounds Co cells.  

Mechanical properties, in terms of tensile behavior, are summarized in Table 

>.W. Literature data for the LPBF Co>XCraMo alloy reports quite elevated 

mechanical properties, especially if compared to the cast counterpart (Table >.a). 

The increase in yield and ultimate tensile strength occurred without a detrimental 

effect on the ductility, that is comparable to the cast alloy. The strength increase 

is ascribable to the refined cellular structure and to solid solution strengthening, 

as occurs for many LPBF-processed metal alloys [KB].  Tensile data fulfill also the 

minimum requirement established by the ASTM FK>BK standard for final 

properties of Co>XCraMo PBF product.  

 

 

Table >.W: Tensile properties of the LPBF Co>XCraMo alloy, as reported in the literature 

[KW,T?,TB]. 

 Tensile properties 

 Ys [MPa] UTS [MPa] A% 

 WK?-XW? BBT?-BK?? B?-BS 
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2.4.1 Heat treatment of LPBF Co28Cr6Mo alloy 

Quite limited research about the heat treatment of Co>XCraMo LPBF alloy is 

currently reported in the literature. The investigated heat treatment conditions 

can be summarized as follows [KJ,T>–TS]: 

• solution treatment (BBS?-B>>? °C B-a h);  

• solution treatment (BBS? °C x B h) + isothermal aging (X?? °C x T h); 

• solution treatment (B>?? °C x B h) + isothermal aging (J?? °C x ?.S-B? h); 

• solution treatment (B>?? °C x B h) + isothermal aging (WS? °C x ?.S-B? h); 

• annealing at WS?, J??, B?S?, BBS? °C x a h.  

 

In few cases, only the conventional solution treatment was applied to the as-built 

alloy [Ka,TK,TT].  Several authors, instead, applied the complete heat treatment 

that combines a high-temperature solution treatment followed by quenching and 

isothermal aging in the range WS?-J?? °C [KJ,T>]. Finally, only one study was 

focused on direct aging anneal treatment at different temperatures for a total 

holding time of a h [TS] with a primary focus on stress-relieving. Solution 

treatment induced a decrease in yield and ultimate tensile strength. Solution 

treatment followed by aging induced an increase in hardness and ultimate 

strength, justified by the γ-fcc to ε-hcp phase transformation occurring during 

isothermal aging and a nearly B??% ε-hcp can be obtained after long-time aging 

(J?? °C x B? h) [KJ]. When only aging anneal treatment was applied directly to the 

as-built condition, a progressive decrease in the hardness and ultimate tensile 

strength was observed with increasing temperature. Concurrently, ductility of the 

alloy was enhanced and these results were related with the decrease of the ε-hcp 

phase content with increasing aging temperatures. Partial γ-fcc to ε-hcp phase 

transformation occurred after aging at WS? °C then, for higher treatment 

temperatures, the ε-hcp phase content gradually decreased and disappeared after 

BBS? °C treatment [TS]. From a microstructural point of view, all the investigated 

treatment induced modification in the alloy, as depicted in Figure >.BK. The aging 

anneal treatment up to B?S? °C affected the cellular structure and promoted the 

precipitations of second phases inside grains (Figure >.BKa) [TS], while for all 



CHAPTER 2– LPBF OF COCRMO BIOMEDICAL ALLOYS, A LITERATURE REVIEW 
 

   72 

treatments performed in the range BBS?-B>>? °C a more profound change occurred 

(Figure >.BKb,c) [KJ,T>–TT]. As schematically illustrated in Figure >.BT, 

homogenization, relief of residual stress and recrystallization occurred, resulting 

in an equiaxed grain with precipitation of granular second phases along grain 

boundaries [KJ,TS]. In the mentioned studies, since no external plastic strain was 

induced in the alloy, the rapid solidification, the formation of dense dislocation, 

and the accumulation of residual thermal stress resulting from LPBF acted as 

driving force of recrystallization process, made possible by the high temperature 

treatment.   

 

  
 

a b c 

Figure >.BK: Evolution in the microstructure of the LPBF Co>XCraMo alloy after: a) aging at J??°C 

for ah, b) solution treatment at B?S?°C, c) solution treatment+aging at J??°C for Bh (adapted 

from [KJ,TS]). 

 

 

Figure >.BT: Schematic representation of the evolution of the LPBF Co>XCraMo alloy: a) as-built 

cellular structure, b) after solution treatment and short aging, c) after solution treatment and 

long aging [KJ]. 
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Chapter 3 

LASER-BASED POWDER BED FUSION OF 

CO28CR6MO BIOMEDICAL ALLOY  
EXPERIMENTAL ANALYSES 

 

 

Foreword 

The present Chapter synthetizes the experimental activities carried out during 

the PhD research project on Co<=Cr>Mo alloy for orthopedic implants processed 

by Laser-based Powder Bed Fusion (LPBF). Experimental analyses were firstly 

focused on investigating the relation between the LPBF process and sample 

properties. Once identified the optimized processing window, research effort was 

devoted at exploring low temperature aging treatment of the LPBF alloy and 

assessment of the effects on the most important properties required by final 

applications. The latter represents, with respect to the state of art described in the 

previous Chapter, the most important novelty of the presented work.  

 

Therefore, the work focused on two main topics:  

• Process optimization and investigation of the effect of Laser Energy Density 

(LED) on final samples properties (density, surface morphology, 

microstructural features, hardness).  

• Optimization of post-process aging treatment and assessment of the wear 

and corrosion behavior of the untreated and heat-treated alloy. 
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The Chapter is mainly based on the following papers, for which I was involved 

as corresponding and first author: 

 

• “CoCr alloy processed by Selective Laser Melting (SLM): effect of Laser Energy 

Density on microstructure, surface morphology, and hardness” by L. Tonelli, 

A. Fortunato and L. Ceschini published in the Journal of Manufacturing 

Processes (vol.CD:EFG–EEI, DFDF) © <V<V. This manuscript version is made 

available under the Creative Common license CC-BY-NC-ND Y.V. 

 

• The pre-print “Aging treatment of the additively manufactured CoDKCrGMo 

biomedical alloy and its effects on the wear and corrosion behavior” by L. 

Tonelli, M. Seyedi, A. Balbo, C. Monticelli, M. Z. Ahmed, A. Fortunato, E. 

Liverani, L. Ceschini currently unpublished. 

  



 CHAPTER 3 – LPBF OF CO28CR6MO BIOMEDICAL ALLOY, EXPERIMENTAL ANALYSES 

 79 

3.1 Process optimization: role of laser energy density 

on morphology, hardness and microstructure  

 

This section contains selected parts of the published paper “CoCr alloy processed 

by Selective Laser Melting (SLM): effect of Laser Energy Density on microstructure, 

surface morphology, and hardness” (© <V<V. This manuscript version is made 

available under the Creative Common license CC-BY-NC-ND Y.V). The published 

version of the paper can be accessed by the following link 

https://doi.org/^V.^V^>/j.jmapro.<V<V.V^.V_< 

 

 
 

 

3.1.1 Aim and Scope 

The benefits that additive manufacturing (AM) technologies, like laser-based 

powder bed fusion (also known as Selective Laser Melting, SLM), can bring to the 

biomedical field have already been illustrated in the literature [^–b]. Firstly, they 

allow an affordable customization to make the device fit the patient anatomy. In 

addition, for the specific case of Ti and Co-based alloys, AM process enables to 

overcome the limits imposed by the conventional manufacturing routes [Y,_]. 

Several studies have been carried out on CoCrMo alloys processed with LPBF to 

realize such medical devices [>–^b]. However, most of these studies focus on the 

technological and mechanical aspects and a comprehensive analysis of the effect 
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of different process parameters on the surface quality, microstructure and 

properties of the final components is currently lacking. Hence, the aim of the 

present study was to correlate the Laser Energy Density (LED) to surface quality of 

the as-build samples, microstructure and hardness. LED, defined by the !"# =
%/(( ∙ ℎ ∙ +) [J mm-b], combines four major process parameters: laser power P [W], 

scanning velocity v [mm s-^], distance between two consequent laser scans h [mm] 

and layer thickness d [mm]. Experimentally, several recent publications have 

indeed demonstrated that LED is directly related to some of the features involved 

in the densification process such as density, porosity content and defect formation 

mechanisms [^Y–^h]. Based on the above, a number of CoCrMo samples have been 

processed via LPBF setting various process parameters in order to obtain a wide 

range of LED values, then a full microstructural investigation was carried out, 

along with the characterization of surface morphology and macro and micro 

hardness tests. The final purpose was to identify major process-related features 

(including material discontinuities) and to define an optimized LED interval.   

 

3.1.2 Experimental Procedure 

Gas atomized CoCrMo powder, provided by LPW Technology (LPW 

Technology Ltd, Runcorn, UK) were used for samples production. Powder particles 

were nominally spherical in shape and with size ranging from ^_ to Y_ µm. Their 

nominal chemical composition, given by the supplier, complied with the 

requirements of the ASTM Fh_ standard (Co-<=Cr->Mo casting alloy). Samples in 

form of blocks (<V x > x bV mmb) were realized using the LPBF equipment SISMA 

MYSINT^VV provided with an Yb-fiber laser (λ = ^VhV nm), a maximum power of 

<VV W and a nominal focused spot diameter of _V µm. Samples were built in a 

nitrogen atmosphere with a low residual content of oxygen (V.b vol%). Process 

parameters and scanning strategy were settled using MARCAM AutoFab software. 

A wide range of process parameters, reported in Table b.^, were considered, in 

order to obtain several LED values. Scanning strategy of each layer was designed 

as a chessboard: the layer is divided in bxb mm blocks then the laser beam scans 

each block following parallel lines whose direction is perpendicular to the one of 

the adjacent blocks. Every next layer, the chessboard pattern is rotated by Y_°. 
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Building direction of samples was unique and perpendicular to the un-heated base 

plate.  

 

Table b.^: Process parameters adopted for the production of samples, leading to different values of 
!"# = %/(( ∙ ℎ ∙ +).  

P [W] v [mm s-1] h [mm] d [mm] LED [J mm-3] 

70; 90; 110; 130; 150 500; 700; 900; 1100 0.04; 0.06; 0.08 0.02; 0.03 43.21 - 267.86 

 

Shape, morphology and chemical composition of powders were characterized 

by a Scanning Electron Microscope equipped with an Energy Dispersive X-ray 

Spectroscope (SEM-EDS, Zeiss EVO _V). The presence of internal porosity was 

assessed with Optical Microscopy (OM, Zeiss Imager A^) and SEM analyses of 

powders cross-sections. Both lateral and top surfaces of LPBF samples (as 

represented in Figure b.^), were characterized by SEM-EDS analyses and surface 

roughness was evaluated with a stylus profilometer (Hommelwerke T<VVV, _ µm 

tip radius). The density of all LPBF samples was determined following Archimedes’ 

principle; at least three measurements were performed on each sample using an 

analytical balance (precision ± V.VVV^ g). With respect to the building direction, 

the microstructural characterization was carried out both on longitudinal (L) and 

transverse (T) cross-sections, as shown in Figure b.^. Prior to the microstructural 

characterization, standard metallographic techniques were used for samples 

preparation, including mechanical grinding (with ^=V–<_VV grit SiC papers) and 

polishing up to ^ µm diamond suspension.  Electrochemical etching was performed 

at Y V for <V s, in a solution of hydrochloric acid and ferric chloride dissolved in 

distilled water (_ mL HCl, ^V g FeClb, 100 mL H<O) [18]. OM and SEM-EDS analyses 

were accomplished on both L and T samples produced under a wide range of LED 

values. With the aim to correlate the process parameters, in terms of LED, and the 

resulting microstructure, a number of measurements (such as porosity evaluation 

and estimation of laser tracks) were carried out using the ImageJ software for 

image analysis on both OM and SEM micrographs. Phase composition of samples 

produced with high, medium and low LED was determined by X-Ray Diffraction 
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(PANalytical Expert PRO with Xcelerator detector) provided with a Cu-Kα 

radiation source (λ = V.^_YV_ nm) and carrying out θ - <θ scans from bV° to ^VV° 

with a V.V^h° step size and a ^_ s dwell time, performed at YV kV and YV mA. 

Hardness of the LPBF parts were evaluated both by Rockwell (HRC [^�]) and 

Vickers (HVV._, ^V s dwell time [<V]) tests.  

 

Figure b.^: Scheme of surfaces for morphological investigations (Top and Lateral) and directions 

for metallographic samples extraction (Longitudinal and Transverse) from LPBF specimens.  

 

3.1.3 Results and Discussion 

 

POWDER CHARACTERIZATION 

Powders particles were mainly spherical in shape even if satellites and collapsed 

particles were also detected on the surface of powders, making powders 

morphology uneven, as shown in Figure b.<. Particles showed a fine dendritic 

structure, as highlighted by white arrows in Figure b.<b. Dendritic phase is, indeed, 

distinctive of the feedstock powder since LPBF components, on the contrary, 

solidify with a cellular microstructure [<^]. The chemical composition was 

investigated by SEM-EDS analyses on free powders and the results matched the 

standard of ASTM Fh_ [<<]. As reported by Hebert [<b] and Sames et al. [<Y], gas 

trapped in the feedstock powders might negatively influence the quality of the final 

parts, leading to the formation of bubbles in the melt pool. In this view, powders 

cross-sections were analyzed and, as shown in Figure b.<c, no internal porosities 

were generally detected.  
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Figure b.<: SEM micrographs: low (a) and high (b) magnification of free powder particles, (c) 

particles cross-section. 

It is worth mentioning that in few cases it was possible to identify powders with an 

anomalous morphology, due to the presence of round darker regions, as reported 

in Figure b.b. The particle showed an almost perfect spherical shape and a smooth 

surface, dendritic phase was clearly recognizable but darker areas could be also 

detected on the surface. SEM-EDS analyses, also reported in Figure b.b, suggested 

the presence, in correspondence of darker areas, of oxides with a higher Si and Mn 

content and the presence of Al and Ca, while the chemical composition of dendritic 

phases still complied requirements for the ASTM Fh_ alloy [<<].   

 

 

Figure b.b: SEM-EDS analyses performed on anomalous powder particle: chemical composition 

(wt.%) of dendritic phase (Spectrum ^) and darker areas (Spectrum <).  

 

SAMPLES CHARACTERIZATION 

Density measurements were carried out following the well-known Archimedes’ 

method, repeating the measurement at least three times for each LPBF sample. For 
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the same alloy produced by additive manufacturing, this method proved to be 

quite accurate even when compared with more sophisticated technologies [<_]. 

Results of density measurements as a function of LED are reported in Figure b.Y, 

where the nominal density of the conventional Co-<=Cr->Mo investment casting 

alloy, as specified in the ASTM Fh_ standard [<<], is reported for comparison 

(dotted line). From density measurements, it is possible to define a critical value 

of LED (^VV J mm-b) beyond which samples produced by LPBF exhibited a density 

comparable to a conventional casting component. In few cases, the measured 

density was even higher than the reference one, presumably due to the superficial 

roughness of LPBF component and open porosities on the surface that might 

compromise the correct determination of sample weight when immersed in water. 

In this view, in order to verify the correspondence of density measurements with 

porosity content of LPBF parts, the actual area occupied by internal porosities was 

measured on polished cross-sections of selected samples using the ImageJ software 

for image analysis, results are still reported in Figure b.Y. By increasing the LED, 

internal porosity content decreased reaching the minimum value (approx. V.^ 

area%) for LED value higher than ̂ _V J mm-b. Therefore, even if a LED value beyond 

^VV J mm-b is sufficient to obtain parts with a density comparable to the 

conventional one, in order to obtain a sound component with an extremely low 

porosity content, such value has to be equal to or higher than ^_V. Based on these 

preliminary results and with the aim to better highlight the relationship between 

microstructural features and process parameters, the LPBF samples have been 

separated in three different classes, according to the LED applied during the 

process: low (up to ^VV J mm-b), medium (^VV-^_V J mm-b) and high (^_V-<hV J mm-

b) LED classes. A total of bV samples were produced in the current study, 

distributed as follows: ^_ for the low, ^V for the medium and _ for the high LED 

class. Low LED results in inadequate density and high porosity content, so in a 

poor quality of LPBF parts. Medium LED returns a porosity content less than ^ 

area%, while high LED values lead to almost defect-free samples.  
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Figure b.Y: Density and internal porosity of LPBF samples as a function of LED, measured by 

Archimedes’ method and image analysis on polished cross sections, respectively. Dotted line 

defines the reference value of a conventional cast component (=.b g cm-b) while frames define 

ranges of low, medium and high LED.  

It is well known that an important feature of LPBF components is represented 

by surface quality and part of the recent literature has been focused on classifying 

the proper methodologies to perform surface metrology of AM products [<>]. This 

technology, in fact, generates high surface roughness and, generally, LPBF parts 

need post-process finishing. With the aim to investigate the relationship between 

energy density and surface quality, the lateral and top surfaces of samples were 

characterized in the as-built conditions. Qualitative SEM analyses of the 

morphology of lateral surfaces, reported in Figure b._, showed no remarkable 

differences between sample processed with low, medium or high LED. Lateral 

surfaces are indeed mainly characterized by sintered or semi-molten powders, 

clearly identifiable by the dendritic phase, and porosities (as shown by the cross-

section in Figure b.>). 
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Figure b._: Low and high magnification SEM micrographs on lateral surface of representative 

samples processed with: (a) and (d) Low LED, (b) and (e) Medium LED, (c) and (f) High LED. 

 

 

Figure b.>: Optical Micrograph of a polished cross-section of a representative lateral surface 
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Profilometric measurements, summarized in Figure b.h, confirmed the results 

of SEM analyses: they returned values of average surface roughness in the range 

Ra==-^< µm and they are not directly related to LED. On the basis of these 

outcomes, it appears that stochastic phenomena, in terms of powders distribution 

in the layer, dominate the resulting roughness of lateral surfaces (in direct contact 

with the powder bed). 

 

Figure b.h: Average surface Roughness (Ra) measured on both lateral and top surface on samples 

with increasing LED values.  

 

The roughness of the top surface, instead, was strongly dependent on LED: a low 

energy applied on the powder bed led to high roughness (max Ra=^b µm), while 

increasing LED produced smoother surfaces, reaching the lowest surface 

roughness value (Ra=<._-3 µm) in case of samples produced with high LED (over 

^_V J mm-b).  The observation of top surfaces with the aid of SEM (Figure b.=) 

allowed to explain the profilometric results: while for medium and high LED 

(Figure b.=d,f) the chessboard scanning pattern was easily recognizable and laser 

scans were even and regular, in case of low LED (Figure b.=a) the resulting surface 

is irregular, with discontinuous scans and cavities. High magnification 

micrographs of medium and high LED samples (Figure b.=e,g) showed regular and 

narrowed laser scans, representing the solidified elongated molten pools with an 

analogue morphology for both samples, already observed by Zhou et al. [<h]. It is 

worth mentioning that top surfaces of the as-built samples represent a single layer 
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of melted and solidified powder, consequently the analysis and observation of 

these surfaces are fundamental in order to appreciate melt pool dynamics and 

principal related aspects. Another important factor regarding surface quality is 

related to the deposition of the following layer of powders: a smooth surface, in 

fact, will improve flowability of particles. On the contrary, a rough surface might 

lead to an uneven distribution of powder particles with an evident downside on 

the quality of the final part.  As already illustrated by other authors [<=,<�], the 

discontinuous and chaotic morphology showed by low LED samples is the result 

of an unstable melt flow that leads to the incomplete wetting and spreading of the 

molten material during the process. Therefore, irregularities can be ascribed to 

defects of material filling or localized lacks of fusion, as well as spatter ejection of 

molten material from the pool, bringing to cavities and coarseness, as showed in 

Figure b.=b. As a consequence, porosities and partially melted powder particles can 

be easily detected on the surface of low LED samples, as represented in Figure b.=c. 

Recent works [bV–b<] analyzed the dynamics of fluid and particles during laser 

powder bed fusion, highlighting that spatter ejection and denudation are 

phenomena strictly related to this technology and dependent on process 

parameters. The denudation is defined as a depleting of powders in the regions 

surrounding laser tracks [bb], while spatter ejection is promoted by the so-called 

laser-induced plume. The laser plume tends to eject molten material away from 

the liquid pool and particles ejected from the liquid pool solidify before falling 

down on the powders bed and, by reacting with the residual oxygen in the chamber 

atmosphere, they may change their chemical composition [bV]. The stability of the 

molten pool is dominated by the balance between spatter ejection due to the laser 

plume and Marangoni convection, that tends to spread molten material from the 

center of the melt pool to the outer regions [b^]. Since the direction of the plume 

and its temperature are mainly dependent on scanning velocity, as well as on 

pattern and laser power, so on LED, a careful optimization of these parameters 

must be performed [b<]. The relation between energy input and spatter ejection 

has been also investigated by Wang et al. [bV] for a CoCrMoW dental alloy, 

showing that raising in the energy input leads to an increased spattering. In the 

present work, while in samples processed with low LED the molten pool was clearly 

unstable leading to a disarranged top surface, in samples processed with medium 
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and high LED the morphology of the top surface was even and regular and only a 

few discontinuities on the laser pattern could be observed (Figure b.=d,e). Two 

kinds of defects were detected on the surface of medium and high LED samples: 

spattering and Marangoni flow related phenomena, represented in Figure b.=h. 

Spattering appears as fully re-melted spherical particles that have been 

reincorporated in the layer. Marangoni flow is, instead, related to the local changes 

of surface tensions that affects the stability of the melt pool, so the proper wetting 

and spreading of the liquid. Oxygen content, in particular, plays an important role 

on local changes of surface tension by dramatically reducing it. Reduction in the 

surface tension reverses the direction of the Marangoni flow, leading to the 

formation of large globular islands, as already observed in the LPBF of tungsten 

[<=].  

 

 

Figure b.=: SEM analyses on top surface: (a), (d), (f) low magnification of low, medium and high 

LED samples; (b), (e), (g) details of area defined by yellow frames of low, medium and high LED 

samples, (c) details of area defined by red frame showing a sintered particle on low LED samples, 

(h) details of area defined by blue frame showing spattering and Marangoni-related defects on 

high LED samples. 
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Cross-sections analyses of the main defects observed on the top surfaces are 

reported in Figure b.�: sintered particles (Figure b.�a) were defined by the 

dendritic phase as previously observed in the feedstock powders; spattering defects 

(Figure b.�c) showed no dendritic phase, proving that material underwent melting 

and then rapidly solidified into a spherical shape. Reversed Marangoni phenomena 

(Figure b.�b) were clearly characterized by a centripetal, instead of a centrifugal, 

flow that moved the molten material from the outside into the center of the pool.  

 

Figure b.�: SEM micrographs of representative defects detected on top surfaces: (a) sintered 

particle on low LED samples, (b) reversed Marangoni flow and spattering defects on medium and 

high LED samples.  

 

The presence of a local segregations along laser tracks was also verified via SEM-

EDS analyses (Figure b.^V). Results showed that darker area (corresponding to the 

center and outer region of the melt pool) were characterized by a higher Si and Mn 

content (wt.%), with also a not negligible content of oxygen, Al and Mg, in 

particular located at the center of the track. Similar outcomes have been previously 

reported in the case of feedstock powders and, presumably, the two phenomena 

are related. It is possible that Al-O-Si compounds derive from the feedstock 

powder and, during solidification of the melt pool, high melting compounds are 

ejected into the liquid phase and segregation might occur, by the reason of the 

spreading of liquid phase driven by Marangoni flow from the center to the outer 

regions of the melt pool [<^,b^]. 
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Figure b.^V: SEM-EDS analyses performed on a laser track on the top surface: micrograph showing 

the investigated regions and relative chemical composition (wt.%). 

 

It is well known that LPBF parts are characterized by a hierarchical 

microstructure that can be divided in macro-level and micro-level microstructural 

features. Material discontinuities (i.e. defects) and texture fall within the first 

category, while morphology and size of grains and phase composition fall in the 

second one [bY]. Next sections report on these macro and micro-level 

microstructural features. 

 
 
MACRO-LEVEL MICROSTRUCTURAL FEATURES 

Representative micrographs of T and L cross-sections of samples produced 

with different LED levels are illustrated in Figure b.^^. They clearly prove that 

process parameters, in terms of applied energy, have a noticeable influence on the 

final microstructure. Low LED values (Figure b.^^a,d) led to a chaotic 

microstructure, with a large extent of internal porosity and lacks of fusion, while 

medium (Figure b.^^b,e) and high values of LED (Figure b.^^c,f) led to a more 

regular and continuous microstructure, with a negligible presence of porosities, as 

also previously reported. On transverse cross-sections, the pattern resulting from 

the chessboard scanning strategy of each layer can be clearly identified, since laser 

tracks appear well highlighted by the etching. Longitudinal cross-sections, instead, 

evidence the melt pool overlap, due the highly localized melting of powder.  
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Figure b.^^: Low magnification optical micrographs of transverse and longitudinal cross sections 

samples produced with low (a) and (d), medium (b) and (e) and high (c) and (f) LED. Layer 

thickness was V.Vb mm for low LED sample and V.V< mm for the medium and high ones.   

On sound components, exhibiting an even microstructure and few solidification 

defects, a number of microstructural analyses were carried out: the width of the 

tracks left by the subsequent passages of the laser was evaluated on T-sections and 

an attempt to estimate the mean size of the residual melt pool area was carried out 

on L ones. In order to obtain a reliable value of the laser track widths, a total of _Y 

different measurements for each sample, distributed in different region of the T 

section, were accomplished and the results are showed in Figure b.^<a. According 

to the manufacturer, the nominal spot diameter for the LPBF machine used in this 

experiment is _V µm and the majority of the investigated samples exhibited 

residual tracks wider than _V µm, thus indicating that the actual volume of 

material involved in the melting process is wider than the one directly affected by 

the beam, on account of heat conduction.  
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a b 

Figure b.^<: Measurements performed on solidified laser tracks, displayed as a function on 

increasing LED: a) mean laser tracks widths measured on transverse cross-section of samples, the 

red dashed line defines the reference value of the nominal laser spot diameter; b) average 

dimension of the residual melt pool area measured with both diagonal and circular method 

(ASTM E^^<-^<) on longitudinal cross-section of samples. 

 

The dimension of the residual mean melt pool area was estimated by adapting 

conventional procedures for the evaluation of the average grain size described in 

the ASTM E^^<-^< standard [b_]. The analysis was carried out with the aim to 

evaluate the average dimension of the residual melt pool area resulting from the 

whole LPBF process, that involves re-melting due to the processing of subsequent 

layers and complex scanning strategy, as the chessboard pattern rotated by Y_° 

every next layer. Two methods were considered, based on the lineal and on the 

circular intercept procedure, being the first usually recommended for equiaxed 

grains and the latter suitable for deformed grains. The average dimension of the 

residual melt pool area was obtained by merely dividing the length of the 

intercepts for the number of crossed melt pools: a total of � different regions for 

each sample in the L section were investigated. The two methods returned 

comparable values for the average dimension of residual melt pool area (Figure 

b.^<b), ranging approximately from <_ to b_ µm. Since melt pools are almost semi-

circular in shape and their sizes are related to the beam diameter (width) and layer 

thickness (depth) [<^], it can be inferred that the measurements returned an 

estimation of the depth of the residual melt pool area (in this work layer thickness 

was set at <V and bV µm). The LED applied seems to have no direct connection to 
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the extent of the residual melt pool. It is possible that, by considering the value of 

the energy density, the single contribution of parameters such as laser power, layer 

thickness and hatch spacing was hidden. For instance, other researchers, through 

in-situ monitoring of the melt pool dynamic and analyses of laser tracks, 

demonstrated that laser power has an important role in determining the size and 

geometry of the pool: higher laser powers lead to deeper melt pool thus impacting 

the aspect ratio of the melt pool [b^,b>]. 

A preliminary characterization of material discontinuity (defects) was 

performed by optical microscopy (Figure b.^b).  

 

Figure b.^b: OM micrographs showing microstructural discontinuities found in longitudinal cross-

sections of LPBF parts: a) and b) lack of fusion, c) Marangoni related phenomena (white arrow) 

and microporosities (yellow arrow), d) partially un-melted particles (white arrows) and 

microporosities (yellow arrows), e) crack (white arrow) and microporosities (yellow arrows), f) 

Keyhole phenomena. 
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According to Zhand et al. [bh], common defects in LPBF parts can be classified in 

three categories: cavities due to incomplete fusion, porosities and cracks. Process 

parameters play a key role in determining type, amount and magnitude of such 

defects. Incomplete melting (Figure b.^ba,b), also named lack of fusion, is the most 

common defect in samples processed with a low LED value, where the applied 

energy is not sufficient enough to melt the whole material and leads to an unstable 

molten pool, as previously discussed. Lacks of fusion may present themselves as 

large and irregular cavities, where un-melted powders particles can be easily 

recognizable by their spherical shapes and dendritic phase, as represented in 

Figure b.^ba, or as cavities, located at the bottom of a melt pool, due to poor 

bonding to the underlying layer, as shown in Figure b.^bb. A number of porosities, 

indicated by the yellow arrows in Figure b.^bc,e could be detected on sample 

processed in the full range of parameters; these defects had the typical spherical 

shape of gas porosities and their size was generally lower than ^V µm. In the molten 

pool, due to high temperature, the gas solubility in the liquid metal is elevated and, 

since cooling rate is extremely high, the dissolved gas might remain trapped in the 

solidified metal, forming the characteristic spherical porosities. Considering that 

feedstock powders have been previously proved to be free of internal defects, such 

porosities might be process-related and consequent to both vaporization of alloy 

elements or dissolution of gas entrapped between metal powder during layer 

deposition. It is also possible to observe, in the L-sections of sound component, 

the classic Marangoni convection related phenomena, as indicated by the white 

arrow in Figure b.^bc. As formerly exposed, in the case of local changes of surface 

tension, the flow of molten material is reversed (from the edge of the molten pool 

to the center) and, once solidified, it results in a microstructural discontinuity. On 

sample cross-sections it is not uncommon to observed partially un-melted 

particles, identifiable by the dendritic structure as indicated by white arrows in 

Figure b.^bd. These defects could be found also in regular and homogenous 

microstructure, resulting from medium and high LED, where large cavities and 

major lacks of fusion were not present. An example of solidification crack is 

represented in Figure b.^be. According to [b=], three types of crack can be observed 

in AM components: solidification cracking occurring along the solidifying layer 

and due to the tensile stresses induced by thermal contraction, liquation cracking 
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that affects the partially melted zone, and delamination. Usually, solidification 

cracks can be easily distinguished from poor bonding cavities, even if they are both 

generally located at the bottom of a solidified melt pool: the latter are surrounded 

by irregular melt pool with a coarser microstructure (darker area in Figure b.^bb), 

while cracks can be found in a homogeneous and regular microstructure. It is 

worth mentioning that cracks were not very recurring in the analyzed samples, 

regardless of the LED value. According to Collins et al. [bY], hot tearing is 

particularly related to high energy densities applied to the powders bed, therefore 

it is possible to hypothesize that the critical value of LED, beyond which hot 

tearing become substantial, was not reached in the present work. Finally, keyhole 

collapses can occur during powder bed fusion, leading to final defects similar to 

the one showed in Figure b.^bf. Keyhole melting mode was originally studied for 

laser welding [b�] where, for a certain combination of process parameters (i.e. laser 

power, speed and beam diameter), material can experience a transition in the 

melting mode, changing from conduction to keyhole-mode. For low laser intensity 

(nominally lower than ^V_ MW cm-<), heat transfer in the molten pool occurs by 

conduction; in the case of keyhole-mode the laser energy density is high enough 

to cause partial vaporization of elements, leaving a cavity inside the liquid pool, 

thus allowing the laser to penetrate more deeply in the material. The same 

mechanism has already been observed in LPBF parts [YV,Y^]: the conduction mode 

lead to the formation of almost semi-circular solidified melt pool, with a ratio 

between depth and width of approximately ^:<. When keyhole collapse occurs, the 

shape is no longer semi-circular, the depth is greater and the ^:< ratio is no more 

respected. For the same reasons previously exposed, the gas formed by 

vaporization of elements can be entrapped in the solidified material, generating 

porosity in the final microstructure located at the end of the collapsed melt pool, 

as reported in Figure b.^bf. Keyhole formation is strongly related to the laser-

powder interaction: preliminary studies demonstrated that, by increasing the time 

of interaction between the laser and the material, keyhole collapse is favored 

[b^,Y^], thus laser speed is a relevant parameter. For a fixed time of interaction, 

instead, higher laser power may cause the transition from conduction to keyhole 

melting mode, leading to an unstable liquid pool and the formation of pores 
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located at the bottom of the melt pool [b^]. In this work it was found that keyhole 

phenomenon is rather limited if LED is lower than <VV J mm-b.  

The same microstructural discontinuities were also observed by SEM and 

common detected defects are represented in Figure b.^Y: lack of fusion (Figure 

b.^Ya), porosity located at the bottom of the melt pool (Figure b.^Yb), solidification 

cracking to the high thermal gradient (Figure b.^Yc) and reversed Marangoni flow 

(Figure b.^Yd). In the cavity, consequent of insufficient melting, the feedstock 

powder particles almost unaffected by the laser beam can be easily recognized, as 

well as the partially melted material and cracks propagating from the cavity to the 

surrounding solidified material. Gas porosity and hot tearing were usually 

discovered in regular and homogeneous microstructure, as showed in Figures 

b.^Yb,c. Finally, when the convection flow due to Marangoni effect is reversed, the 

molten material solidified in a very chaotic and inhomogeneous microstructure 

(Figures b.^Yd), where a few micro-porosities could be detected but no evidence of 

segregation was ascertained.  

 

   

   

Figure b.^Y: SEM micrographs showing discontinuities found in longitudinal cross sections of 

LPBF parts: a) lack of fusion, b) porosity, c) crack d) Marangoni related phenomena.  

 

On samples L and T sections a few inhomogeneities, peculiar of CoCr alloys, 

were detected. For instance, a Si-rich particle is represented in Figure b.^_a; such 
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spherical inclusions have been already observed in the Co-<=Cr->Mo alloy 

processed with investment casting [Y<,Yb] and in a CoCrW dental alloy produced 

by three different processes (casting, milling and SLM) [YY]. In the present study, 

a Si-rich oxide film was observed also in correspondence of a crack (Figure b.^_b). 

Similar inclusions have been previously observed in the feedstock powders and on 

the top surfaces of LPBF samples. SEM-EDS analyses performed on such inclusions 

revealed, as reported before, a higher content of Si, O and Al, as observed also by 

Giacchi et al. [Yb]. 

 

  

Figure b.^_: SEM-EDS analysis of microstructural discontinuities peculiar of CoCr alloy: a) Si-rich 

particle, b) crack with a Si-rich film. 

 

Electrochemical etching of polished cross-sections and following observation 

under polarized light microscopy (Figure b.^>), revealed a texture showing 

preferential solidification and columnar grain growth in the direction of the 

highest temperature gradient, as already observed by other researchers for the 

same alloy [>,=,b>] and generally for some metals processed by LPBF [bY]. In the 

representative optical micrographs of the L section (Figures b.^>c,d) it is possible 

to observe that columnar grain growth crossed over layers, generally replicating 

the grain orientation of the previous layer (epitaxial growth). The epitaxial growth 
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is governed by the heat flux and the orientation of the underlying solidified 

material, namely the previous processed layer. Grain growth is not oriented exactly 

in the same direction of the heat flux, therefore perpendicular to the layer; instead, 

for Co-Cr alloy [>,=] as well in the case of different metals with a cubic structure 

[Y_,Y>], it follows a preferential crystallographic orientation, usually one of the 

<^VV> family, close to the thermal gradient direction. However, by alternating the 

laser scanning direction and by rotating the scanning pattern across layers, it is 

possible to alternate heat flux direction resulting in a preferential <^^^> orientation 

[<^,bb,Yh]. It appears that the solidification process started in correspondence of 

pool boundaries and grains have grown directly from the previous layer, without 

changing direction. The real-time monitoring of LPBF technology applied on 

Ti>AlYV alloy [b^] demonstrated that solidification begins from boundaries of the 

semi-circular liquid pool and that grain growth is radial, approximately oriented 

along a direction comprised between the maximum local thermal gradient and the 

preferential growth orientation.  

 

Figure b.^>: Optical micrographs in polarized light of a representative sample produced with LED 

higher than ^_V J mm-b: (a) low and (b) high magnification of transverse cross-section, (c) low and 

(d) high magnification longitudinal cross-section.  
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MICRO-LEVEL MICROSTRUCTURAL FEATURES 

At the micro-level scale all investigated samples, regardless the LED value, 

exhibited the same microstructural features, peculiar of the LPBF technology and 

consequent to the extremely rapid solidification that leads to the formation of a 

metastable cellular microstructure [<^]. Representative high magnification SEM 

micrographs are reported in Figure b.^h. The previously discussed epitaxial grain 

growth crossing over layers is evident in Figure b.^ha: at least two growing 

directions can be clearly recognized, where elongated columnar grains can be 

identified. In the same image the collision between two growing directions is 

represented, as indicated by the white arrow in Figure b.^ha.  It has indeed been 

reported [=,bY] that grain growth is competitive and, when two different directions 

intercept, one of them might stop. The analyses revealed the presence, inside the 

solidified melt pools, of an extremely fine sub-micron sized cellular grain structure. 

These results are consistent with the outcomes reported by other authors for the 

same alloy processed via LPBF [>–=,^^]. Size and morphology of cellular grains can 

change between melt pools and even locally inside the same one: as represented in 

Figure b.^hb, cellular grains can be either almost circular or elongated, and grain 

size may vary from adjacent melt pools. Following the work done by Darvish et al. 

[b>], an evaluation of the primary spacing of dendrites/cells (λ^) was carried out on 

samples processed with low, medium and high LED, in order to verify if a 

correlation between the energy density and λ^ exists. From this preliminary 

investigation it seems that the energy density does not exert a determinant 

influence on cells size; the average value measured in this experiment for λ^ is V.> 

µm and it is consistent with literature data [b>]. In addition, it is worth mentioning 

that very fine spherical porosities, with dimension lower than ^ µm, can be found 

in the microstructure, as highlighted by the white circle in Figure b.^hb. A SEM 

image at higher magnification of a melt pool boundary is reported In Figure b.^hc. 

According to the literature [>,h,^V] a micro-level segregation between the core of 

cell grain and boundaries exists: center of the cell is rich in CoCr, while a higher 

concentration of Mo can be found at the grain boundaries. A number of SEM-EDS 

analyses were carried out in correspondence of track (melt pool) boundaries, with 
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the aim to verify possible segregation, but no evidence of enrichment of any of the 

alloy elements was found.  

According to Prashanth and Eckert [<^], rapid solidification favors the formation 

of a cellular microstructure in which the CoCr phase directly forms from the liquid 

and grows epitaxially from melt pool borders, ejecting Mo into the liquid. As a 

result, Mo is deposited on cellular boundaries. The formation of the cellular 

microstructure involves thermodynamic and kinetic theories, as well as physical 

aspects such as high thermal gradients and surface tension, that lead to the 

previously mentioned Marangoni convection flow that can cause solute 

accumulation [<^]. The occurrence of solute accumulation was also confirmed by 

Qian et al. [h] by reporting TEM analyses that revealed Cr and Mo enrichment in 

correspondence of cellular boundaries. SEM-EDS analyses were also performed on 

different areas of low, medium and high LED samples, with the purpose to verify 

if chemical composition of final LPBF samples diverges from the one of the 

powders and if major vaporization of alloy elements occurs at high LED level. The 

results showed that the average chemical composition complied with the 

requirements and no differences between samples were highlighted. No massive 

vaporization of elements was documented, even at high LED value.  

 

 

Figure b.^h:  High magnification SEM micrographs of LPBF parts cross-sections: the white arrow 

in a) indicates the intersection between two growing directions, the white circle in b) underlines 

sub-micro-sized porosities, c) magnification of a melt pool boundary. 

 

Results of the X-ray diffraction analyses performed on longitudinal section of 

samples obtained at the three different level of LED are reported in Figure b.^=. 

The XRD spectra show that LPBF samples mainly consist of γ (Co-fcc, ICDD:^_-
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=V>) and ε (Co-hcp, ICDD:_-h<h) phases. At high LED value, the ε phase is slightly 

reduced in favor of the γ phase, while at low LED the two phases are almost equally 

present. This result suggests that different volume energies lead, as mentioned 

before, to different thermal gradients, thus facilitating or hindering the γ to ε 

transformation. Similar results were also reported by Molinari [Y=], for the same 

alloy produced by LPBF under different process conditions. It is worth nothing 

that, according to the equilibrium phase diagram, the ε-hcp phase is stable at room 

temperature, while the γ-fcc phase is the high temperature stable phase (�VV-

�_V°C). However, as also observed in conventional CoCr castings, since the 

transformation from fcc to hcp phase, occurring during cooling, is sluggish, usually 

the γ-fcc phase still exists at room temperature [Y�]. In addition, high cooling rates 

and small grain size (<^VV µm), peculiar of the LPBF technology, might suppress 

the γ - ε transformation [>].  

Due to the superposition of reflections of γ and ε phases, peaks approximately 

located at <θ=YY,h_ and �<° correspond to both phases. For all samples, the highest 

intensity peaks were the ones located at about <θ=YY°, corresponding to γ(^^^) and 

ε(VV<), and at about <θ=Yh._°, corresponding to ε(^V^). This result confirmed a 

preferential crystal orientation, as reported in the literature and previously 

discussed in the present research.  

 

Figure b.^=: XRD analysis performed on representative LPBF samples processed with: a) low, b) 

medium, and c) high LED. 
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HARDNESS MEASUREMENTS 

Both macro (HRC) and micro (HVV._) hardness were evaluated for the 

investigated samples, and reported in Figure b.^� as a function of LED. Standard 

requirement for samples produced with conventional casting is <_-b_ HRC in the 

as-cast condition [<<]. As a result of the extremely fine microstructure, all but two 

samples fulfill the requirement, even in the case of low energy density, thus an 

elevated porosity content (Figure b.^�a). Most of the samples exhibited even 

greater hardness, especially when their density was high (meaning LED>^VV J mm-

b): samples of near-full-density presented an average hardness value of b> ± ^ HRC. 

Microhardness measurements (HVV._) were also performed on single melt pools, 

both on transverse and longitudinal cross sections, and the results are reported in 

Figure b.^�b. So as for the micro-level microstructure, the laser energy density did 

not show a direct influence on microhardness of the LPBF samples, since samples 

processed with very different LED returned a very similar microhardness. Average 

microhardness values lied in the range b=V-YbV HVV._ and, for the majority of 

samples, transverse cross-sections exhibited a lower hardness than the 

corresponding longitudinal ones, even if a high standard deviation was registered. 

These results might be ascribed to the intrinsic anisotropy that the LPBF 

technology induces on the as built components, as a result of the strongly oriented 

columnar grain growth. Microhardness values are consistent with the ones 

reported for the Co-<=Cr->Mo alloy processed via LPBF by Mergulhão et al. [^^] 

and slightly lower than those measured by Qian et al. [h].  

 
 

a b 

Figure b.^�: Hardness measurements of LPBF samples as a function of LED: a) HRC results where 

grey band defines requirements given by ASTM Fh_ for a conventional cast component; b) HVV._ 

performed on metallographic cross-sections.  
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3.1.4 Conclusions 

In the present work, surface, microstructural and hardness properties of Co-

<=Cr->Mo samples realized by LPBF were thoroughly analyzed, with the aim to 

establish a correlation between the aforementioned properties and process 

parameters. A wide range of process parameters were considered, in order to 

explore a wide range of energy densities (LED=Yb.< - <>h.� J mm-b). Hence, all 

outcomes have been related to three different classes of LED: low (up to ^VV J mm-

b), medium (^VV-^_V J mm-b) and high (^_V-<hV J mm-b). The following conclusion 

can be drawn: 

• Low LED is not enough to fully melt the feedstock powder particles and 

results in a liquid pool highly unstable. In account of extensive lacks of 

fusion, being the dominant defect, LPBF samples exhibited a porosity 

content in the range ^-h area%, high roughness on the top surface (Ra=^b-h 

µm) and a considerable variability in the microhardness of samples, ranging 

from ^= to b> HRC.  

• Medium and high LED succeeded in complete melting and returned sound 

components, with a very low porosity content (V._-V.^ area%) and smother 

top surfaces (Ra=_-<._ µm); in addition, hardness values settled at b> ± ^ 

HRC, with a very low variability. Dominant defects were micro-sized gas 

porosities although, if the energy density is to high (LED > <VV J mm-b), 

keyhole collapses occasionally occurred. 

• The energy density seems to have no direct effect on the quality of lateral 

surfaces of samples and on the laser tracks size, both on the transverse and 

longitudinal sections. In this view, further investigations might be 

conducted with the aim to identify the role of single process parameters. 

However, a promising roughness lower than Ra=^V µm for lateral surfaces 

and lower than Ra=Y µm for top surfaces, was obtained. 

• At a micro-level scale, the microstructure of all samples exhibited similar 

features: cellular grains with epitaxial growth crossing over layers, oriented 

along the direction of the maximum heat gradient. Moreover, micro-

hardness on single melt pools seems to have no direct correlation with LED 
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values and measurements performed on transverse and longitudinal 

sections highlighted a minor anisotropic behavior.  

 

 

3.2 Heat treatment, wear and corrosion behavior  

 

This section contains selected parts of the currently unpublished paper “Aging 

treatment of the additively manufactured CoDKCrGMo biomedical alloy and its 

effects on the wear and corrosion behavior”. 

 
 

3.2.1 Aim and Scope 

Co<=Cr>Mo alloy is commonly used as biomaterial for the production of 

orthopedic prostheses and can be proficiently processed with laser-based additive 

manufacturing technology for the production of customized implants. Apart from 

biocompatibility and high corrosion resistance, the major properties required by 

load-bearing applications are elevated mechanical strength and wear resistance. 

While mechanical properties of the LPBF alloy, in terms of tensile and 

compression, have already been investigated in the literature [h,�,^^], the 

assessment of wear behavior is currently lacking. In addition, the conventional cast 

Co<=Cr>Mo alloy is usually subjected to post-process heat treatment in order to 

homogenize the as-cast cored microstructure and to induce the transformation 

from γ-fcc to ε-hcp phase, that is characterized by a higher strength. As regards the 

Co<=Cr>Mo LPBF alloy, literature works up to know have been devoted to study 

the high-temperature (^^_V-^<<V °C) solution treatment with and without a 

subsequent aging treatment (h_V-�VV °C) [^<,_V–_<], as well as to investigate long-

time annealing (h_V-^^_V °C)[_b] and to assess their effects on microstructure and 

mechanical properties. Based on the above, in view of the extremely fine, 

supersaturated and metastable microstructure resulting from LPBF, in the present 

work only short-time (bV-^=V min) aging treatments in the range >VV-�VV °C, 

without a preliminary solution treatment, were considered and effects on hardness 
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and microstructure were investigated. Once identified the optimized aging 

treatment, wear tests were conducted on the as-built and heat-treated alloy and 

compared to the conventional Co<=Cr>Mo wrought alloy, currently used as a 

standard material for orthopedic implants. Finally, preliminary evaluation on the 

corrosion resistance in a phosphate-buffered saline solution for the conventional 

wrought alloy and the LPBF as-built and heat-treated alloy was carried out. 

 

3.2.2 Experimental Procedure 

Based on the results obtained from the experimental work discussed in Section 

b.^ and using the same powder batch and printing machine, samples were 

fabricated in the range of Laser Energy Density (LED=^<V-^hV Jmm-b) close to the 

optimized one, using parameters disclosed in Table b.<. Samples in the form of 

blocks (>x<VxbV mmb) were fabricated in a nitrogen atmosphere with a vertical 

building direction and adopting the previously discussed chessboard scanning 

strategy. Samples were classified in three different sets as follows: heat-treatment 

(HT), wear tests (W), and corrosion tests samples. HT samples were used for the 

preliminary heat treatments investigation with the aim to define the optimized 

heat treatment conditions. The other sets of samples (W^, W^HT, W<, W<HT, Wb, 

WbHT and C^, C^HT, C<, C<HT) were dedicated to wear and corrosion tests and, 

with the aim to assess the influence of LED on tribological and corrosion 

properties, samples have been produced with different values of LED. As a 

reference, the commercially available conventional ASTM F^_b> wrought alloy 

supplied in the warm worked condition has been subjected to wear tests. 

 

Table b.<: Process parameters adopted for the fabrication of Co<=Cr>Mo LPBF samples 

Samples Laser Power 
[W] 

Scanning 
velocity 
[mm s-1] 

Layer 
Thickness 

[mm] 

Hatching Space 
[mm] 

LED 
[J mm-3] 

HT 90; 130; 150 900; 500; 1100 0.02 0.04; 0.06; 0.08 120-170 
W1, W1HT 150 1100 0.03 0.06 97 
W2, W2HT 130 700 0.02 0.06 155 
W3, W3HT 150 500 0.02 0.06 250 
C1, C1HT 90 500 0.02 0.06 150 
C2, C2HT 150 500 0.03 0.06 167 
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Heat treatments, whose conditions are synthetized in Table b.b, were carried 

out on as-built samples in a muffle furnace operating in ambient atmosphere and 

were followed by water quenching. As mentioned above, HT samples were used 

for the assessment of aging behaviour of the alloy and were subjected to all heat 

treatments, while only the optimized treatment was applied to the wear (W^HT, 

W<HT, WbHT) and corrosion (C^HT and C<HT) samples. Temperatures for heat 

treatment assessment were chosen on the basis of the time-temperature-

precipitation (TTP) curves for the Co<=Cr>Mo cast alloy published by Taylor et al 

[_Y], with the aim to induce aging of the alloy. Due to the very fine microstructure 

of the additively manufactured alloy and consequent its short diffusion paths, only 

short soaking times were considered (bV, �V, ^=V minutes) in order to avoid 

undesired grain growth.   

 

Table b.b: Conditions (temperature and soaking time) of heat treatment applied to the sets of 

Co<=Cr>Mo LPBF samples  

Samples Temperature [°C] Time [minutes] 

HT >VV, hVV, h_V, =VV, =_V, �VV bV, �V, ^=V 

W^HT 

W<HT 

WbHT 

=_V ^=V 

C^HT           

C<HT 
=_V ^=V 

 

With the aim of verifying the repeatability of heat treatments within the range 

of optimized LED, firstly the response to aging treatment was assessed on HT 

samples processed with LED=^<V J mm-b, then the same treatments were repeated 

for samples processed at LED=^hV J mm-b. As a first evaluation of the effect of heat-

treatments, aging curves have been obtained for HT samples, by measuring 

Rockwell hardness (HRC [^�]) for each temperature-time combination. Micro-
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hardness (HVV._ [<V]) was estimated by Vickers tests carried out, with a _VV g 

load and a ^_ s dwell time, on polished surfaces of samples already used for 

microstructural analyses. 

Microstructural analyses were carried out via optical (OM, Zeiss Imager A^) and 

scanning electron (SEM, Zeiss EVO _V) microscopy on polished and etched 

surfaces of both heat-treated and as-built samples. The microstructure of samples 

was characterized on cross-sections obtained along the building direction 

(longitudinal cross-section) that followed the same metallographic procedure 

already described for the microstructural analyses (Section b.^.<). Phase 

composition of as-built and heat-treated samples was obtained with X-ray 

diffraction analyses (XRD, PANalytical Expert PRO with Xcelerator detector) 

operating with a CuKα tube (λ = V.^_YV> nm) at YV mA and YV kV. Spectra were 

acquired in the range bV-^VV° with V.V_° step size and ^_ s dwell time. Phase 

identification on XRD spectra was then performed with the Xpert Highscore Plus 

software. A differential thermal analyzer (DTA, Rheometric Scientific STA ^_VV) 

was used to perform thermal analyses on the as-built samples. Scans were recorded 

in the range bV-^<VV °C by heating specimens of about ^VV mg in Ar atmosphere 

with a heating rate of ^V °C min-^ in an Al<Ob crucible. DTA curves were then 

elaborated with the RSI Orchestrator software. 

Sliding wear tests under unlubricated and ambient temperature conditions were 

conducted in order to compare the friction and wear behavior of as-built, heat-

treated and conventional conditions. To this aim, a standard bearing steel (AISI 

_<^VV) was chosen as a counter material, heat-treated to >< HRC hardness. Dry-

sliding wear tests were carried out on a slider-on-cylinder tribometer (block-on-

ring contact geometry [__]) and sliders (_x_xbV mmb) were extracted from the 

LPBF samples. Prior to tribological tests, surface roughness and hardness on sliders 

and cylinder were measured by means of a stylus profilometer with a tip radius of 

_ µm (Hommelwerke T<VVV) and HRC hardness test, respectively. Wear test 

parameters are reported in Table b.Y; in the same table, also contact pressures can 

be found, estimated according to the Hertzian theory [_>]. In the formula, while a 

reference value of <V= GPa for the elastic modulus of AISI _<^VV was implemented 

[_h], the elastic modulus for the LPBF CoCr alloy was experimentally measured on 

as-built samples via non-destructive ultrasonic method, whose principle is 
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described in the literature [_=]. An average value of <YV ± ^< GPa was found. 

Coefficient of friction (COF) was continuously recorded during the tests by means 

of load bending cells, then for each test the steady-state COF was calculated as 

average value after the run-in distance, set at _VV m. Wear scars dimensions on 

sliders, in term of depth and width, were characterized by stylus profilometry while 

wear mechanisms were investigated by means of SEM-EDS analyses. The phase 

composition of the oxide layers formed on wear scars was evaluated by µRaman 

spectroscopy.   

 

Table b.Y: Wear tests conditions and relative Hertzian contact pressures 

 

Samples 

Applied 
Normal 

Load 
[N] 

Sliding 
Distance 

[m] 

Sliding 
velocity 
[m s-1] 

Peak 
Contact 
Pressure 

[MPa] 

Mean 
Contact 
Pressure 

[MPa] 

Counter-
material 

W1, W1HT  
W2, W2HT  
W3, W3HT 

Wrought alloy 

5; 10 5000 0.3 44; 62 35; 49 AISI 52100 

 

Preliminary tests on corrosion resistance were carried out with electrochemical 

impedance spectroscopy after ^- and ^_-days immersion in Phoshate-Buffered 

Saline (PBS) solutions at pH Y with <V mM of H<O<.  

 

3.2.3 Results and Discussion 

 

AGING RESPONSE 

Hardness evolution as a result to the exposure at high temperature for a given 

time are represented in the aging curves of Figure b.<V. In the same figure, as a 

reference, also the hardness of the as-built alloy, whose mean value is bh±^ HRC, is 

reported (black dashed line).  All treatments induced strengthening with the 

greatest hardness obtained for =VV and =_V °C treatments. For all treatments 

performed in the range >VV-=_V °C the increase in HRC hardness as a function of 
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soaking time was progressive and almost linear, reaching the maximum of YV HRC 

in case of low-temperature treatments (>VV-h_V °C) and approximately Yh HRC 

for the high temperature ones (=VV-=_V °C). Aging treatment at �VV°C, instead, 

showed a drop in hardness after holding for ^=V min. Microhardness 

measurements (HVV._) showed comparable results and, by focusing on the 

condition of soaking for ^=V minutes (Table b._), it can be noticed that 

microhardness progressively increased up to the temperature of =_V °C, and then 

dropped to value comparable to the as-built condition for the �VV °C treatment. 

As a consequence, based on hardness measurements, the =_V °C for ^=V min 

treatment was found to be the most efficient to induce alloy strengthening. As 

mentioned in the experimental section, aging treatments were performed for 

samples obtained with LED=^<V J mm-b and LED=^hV J mm-b and in both cases the 

same results were obtained.  

 

Figure b.<V: HRC hardness as a function of aging time and temperature (aging curves) for the 

LPBF Co<=Cr>Mo alloy  
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Table b._: Micro-hardness values (HVV._) for the LPBF Co<=Cr>Mo alloy heat-treated at different 

temperatures for ^=V min, compared to the as-built condition 

 Sample condition 

 
As-built 

600°C 

180min 

700°C 

180min 

750°C 

180min 

800°C 

180min 

850°C 

180min 

900°C 

180min 

HV0.5 422 ±19 446 ± 15 455 ± 9 463 ± 10 512 ± 14 534 ± 12 430 ± 10 

 

XRD and thermal analyses (Figure b.<^) were performed to assess changes 

occurring in the phase composition of the alloy due to the high temperature 

exposure. The differential thermal analysis (DTA) of the as-built alloy, reported in 

Figure b.<^a, showed an exothermal peak (A) located at about >VV °C, followed by 

an endothermic peak (B) around =bV °C. According to data reported in the 

literature [^<,_�], peaks recorded by thermal analysis are related to the allotropic 

γ(Co-fcc) to ε(Co-hcp) transformation. Specifically, the exothermic peak (A) is 

related to the fccàhcp transformation, while the endothermic peak (B) to the 

following hcpàfcc transformation. According to the literature, peak A is located 

at about >VV °C, as in the present study, while peak B is usually located at �_V °C. 

Conforming to the binary Co-Cr phase diagram [>V], ε(Co-hcp) is the equilibrium 

phase stable at room temperature and the transformation to the γ(Co-fcc) phase 

occurs in the range �VV-�_V °C. However, it should be noticed that the 

microstructure resulting from LPBF process is metastable, thus it is safe to assume 

that equilibrium diagrams might be no longer verified [<^]. Since peak B in the 

present study is moved to a lower temperature, suggesting that the change from 

hcp to fcc phase is anticipated, it could be inferred that a modification in the 

kinetics of the transformation occurred, as also observed for other LPBF alloys [>^].  

The occurrence of the fccàhcp transformation (peak A) was also supported by 

XRD analyses in Figure b.<^b, in which as-built and heat-treated (^=V min) alloys 

are compared. In fact, as previously discussed, the LPBF as-built alloy showed the 

presence of both ε (ICDD:_-h<h) and γ (ICDD:^_-=V>) Co-phases. However, heat 

treatments changed phase composition of the alloy. By focusing on the peaks 

related to only ε phase (located approximately at <θ=Y^.Y, Yh, ><._, =b.=°) it is 

possible to observe that presence of ε phase increased with increasing temperature, 
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especially after the =VV °C and �VV °C treatment. By comparing these outcomes 

with aging curves, the fcc to hcp transformation can be, indeed, ascribed to the 

observed hardness increase of the alloy. 

 
a 

 
b 

 
 

Figure b.<^: Microstructural characterization: a) differential thermal analysis (DTA) on the LPBF 

as-built Co<=Cr>Mo alloy, b) phase composition (XRD) analyses on as-built and heat-treated 

samples for ^=V min at >VV, hVV, =VV and �VV°C  

 

The modifications in the microstructure induced by aging treatments are shown 

in Figure b.<<, where the as-built condition is compared to one of the low-

temperature (h_V °C) and to the highest temperature (=_V and �VV °C) treatments. 

In the optical micrograph of as-built alloy (Figure b.<<a), solidified semi-circular 

melt pools typical of LPBF components can be clearly identified, whose boundaries 
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became less clear after the exposure to increasing temperatures (Figures b.<<c,e,g), 

even if in the heat-treated samples a layered microstructure, due to the additive 

process, can still be recognized. In fact, as reported by previous studies, 

recrystallization and homogenisation of the microstructure occurs at higher 

temperature (^^_V-^<<V °C) [_V–_<,><]. Optical analyses showed the development 

of new microstructural features that initially (Figure b.<<c) involved boundaries of 

the large columnar grains crossing-over layers and, with increasing temperature, 

affected the whole microstructure. SEM analyses highlighted that the cellular 

microstructure along with the melt pool boundaries of the as-built alloy (Figure 

b.<<b) progressively disappeared when the alloy is subjected to heat-treatment 

from h_V to �VV °C (Figures b.<<d,f,h). In addition, the fine cellular microstructure 

was replaced by a fine distribution of sub-micro sized globular particles that 

reached their maximum density in the =_V °C for ^=V min heat-treated alloy 

(Figure b.<<f), that as previously discussed exhibited also the highest value of both 

hardness and microhardness. After the �VV °C for ^=V min treatment, instead, 

most part of the particles were dissolved, possibly explaining the drop in hardness 

evidenced by this aging condition.   

For the purpose of the present study, the optimized condition was found in the 

=_V °C for ^=V min heat-treatment, that produced the highest hardness and a deep 

change in the microstructure, both in terms of phase composition and grain 

morphology. Further analyses were conducted on the =_V °C for ^=V min 

condition, with the aim to highlight the composition of sub-micro sized globular 

particles that replaced the cellular structure. SEM-EDS analyses are reported in 

Figure b.<b, showing an enrichment in alloy elements, especially Mo, in 

correspondence of these particles. Based on the results reported in the literature, 

showing a Mo segregation in cellular boundaries [h,^<], it can be inferred that 

globular particles formed from cell borders and, presumably, are carbide particles.   
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Figure b.<<: Microstructural characterization: a), c), e), g) OM and b), d), f), h) SEM micrographs 

of LPBF Co<=Cr>Mo as-built and heat-treated samples for ^=V min at h_V, =_V and �VV °C 
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 Element (wt.%) 

Spectrum C O Si Cr Mn Co Mo 

^ _.hY V.VV ^.>V <>.^^ V.=b _>.^> 7.88 

< _.>h V.VV <.>_ <>.b< V._> _^.__ 9:.;< 

b Y.Vh ^.>Y ^.V< <h.Vh V.=h _�.<_ =.>? 

 

Figure b.<b: SEM-EDS analyses of globular particles in heat-treated sample at =_V°C x ^=V min 

 

WEAR BEHAVIOR 

Dry sliding wear tests were carried out on as-built and heat-treated samples in 

the optimized condition (=_V °C for ^=V min), with the aim to assess the effect of 

hardness increase on wear resistance of the alloy. In addition, since to the best of 

authors’ knowledge no wear data are currently reported in the literature for the 

Co<=Cr>Mo LPBF alloys, samples for wear test were produced with a different 

value of LED in order to investigate the influence of LED on tribological behavior 

of this alloy produced by LPBF. In particular, it was chosen the optimal LED range 

(samples W< and W<HT), a value lower than the optimal one (W^ and W^HT) and 

a value higher than the optimal one (Wb and WbHT). Lastly, the same were 

compared to the conventionally manufactured wrought Co<=Cr>Mo alloy [>b] that 

represents the current standard for knee and ankle implants. Before tests, both 

sliders and countermaterial, were characterized in terms of hardness and surface 

roughness (Table b.>). As for the latter, all sliders were prepared with the same 

surface roughness (Ra=V.<< ± V.V< µm), while the steel cylinder was mechanically 

polished to Ra=V.^b ± V.V< µm. Regarding hardness, it is worth noticing that heat 

treatment succeeded in remarkably increasing the value of the low LED alloy, by 

comparison with the as-built condition, going from <� to Y< HRC, while the high 

LED sliders exhibited the lowest increase, going from b_ to YY HRC. The 

conventional wrought alloy, instead, was characterized by a hardness value of b� 
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HRC. However, hardness of the steel countermaterial was higher than all tested 

sliders, and equal to >< HRC.  

     

Table b.>: HRC hardness and surface roughness of sliders and cylinder used for wear tests 

 

 Sliders Cylinder 
 W1 W1HT W2 W2HT W3 W3HT Wrought alloy  

HRC 29 ± 1 42 ± 2 36 ± 1 47 ± 1 35 ± 2 44 ± 2 39 ± 1 62 ± 1 

Ra 
[µm] 0.22 ± 0.02 0.13 ± 0.02  

 

Wear tests results are reported in Figure b.<Y and b.<_, in term of steady-state 

coefficient of friction (COF) and maximum wear depth measured by profilometry 

on sliders, respectively. Average COF ranged between V._ and V.� for all tested 

samples, with the maximum obtained for the conventional wrought alloy with _ N 

of applied load (Figure b.<Ya). The LPBF as-built showed little variation in the COF 

by increasing the applied load from _ to ^V N, with the only exception of W< sliders 

for which it raised (Figure b.<Yb). Among all the tested samples, the conventional 

wrought alloy exhibited the highest load-dependence of COF, that decreased in 

case of tests performed with ^V N load. Generally, the heat treatment induced a 

decrease in the COF and both W^HT and W<HT showed a little influence of the 

applied load after heat-treatment, while the COF of WbHT increased for ^V N tests.  

By comparing wear depths, it is worth noticing that for _ N tests, the wear 

resistance of all LPBF as-built sliders was higher than the wrought one (Figure 

b.<_a), while in case of ^V N tests the wrought alloy exhibited a higher wear 

resistance (Figure b.<_b). This is a remarkable result since the mean contact 

pressure experienced by prosthetic implants during service life in vivo conditions 

is in the range of ^V-bV MPa with occasional peaks up to _V MPa [>Y,>_], thus 

better represented by _ N tests (Table b.Y). Apart from the wrought alloy, all 

samples showed increased wear depths for tests performed at ^V N (Figure b.<_b). 

The effect of heat treatment was not obvious, since it produced different outcomes 

on the basis of LED values. For low LED samples (W^HT), the heat treatment 
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succeeded in improving the wear resistance, especially for ^V N load, probably due 

to the great increase in hardness. For high LED samples (WbHT), in case of _ N 

tests the wear resistance was almost unaffected by heat treatment, while for ^V N 

tests it was drastically reduced. For the samples obtained in the medium LED range 

(W<HT), the heat-treatment was detrimental for the wear resistance at both _ and 

^V N.  

5 N 10 N 

  

a b 

Figure b.<Y: Steady-state COF for: a) _ N load; b) ^V N load. 

 

 

5 N 10 N 

  

a b 

Figure b.<_: Maximum wear depth on sliders: a) _ N load; b) ^V N load. 

 

Further investigation of wear behavior was conducted via wear scars 

characterization performed by means of SEM-EDS. Accordingly, as summarized in 
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Table <.h, two main wear mechanisms were identified: i) a mild-oxidative wear 

regime experienced by the majority of sliders, ii) a severe wear regime. 

  

Table <.h: Summary of wear regime established during wear tests, as a function of LED range, 

heat-treatment condition and applied normal load. 

Samples Heat 
treatment 

LED 
range 

Normal 
Load 
[N] 

Wear regime  

Mild-oxidative  
Severe 

delamination 

W1 No 

low 

5 ✓  

10 ✓  

W1HT Yes 
5 ✓  

10 ✓  

W2 No 

medium 

5 ✓  

10 ✓  

W2HT Yes 
5  ✓ 

10  ✓ 

W3 No 

high 

5 ✓  

10 ✓  

W3HT Yes 
5 ✓  

10  ✓ 

Wrought alloy - - 
5  ✓ 

10 ✓  

 

As shown in Figure b.<>, mild-oxidative wear regime resulted in a low wear 

damage of the sliders in the reason of protective oxidative tribo-film formed 

between the sliding surfaces of both sliders and cylinder. The presence of oxidative 

tribo-film was also confirmed by EDS maps in Figure b.<h, where the presence of 

an Fe-based oxide, due to the wear of the steel cylinder countermaterial, was 

revealed on sliders characterized by a low wear depth. However, two different 

behavior in case of mild-oxidative wear were observed: i) in case of _ N tests, a 

thick and compact reddish layer was formed (Figures b.<>a and b.<ha), ii) for ^V N 

tests the layer was thinner, darker and did not homogeneously cover the scar 

(Figures b.<>b and b.<hb). Raman analyses, not reported here, confirmed that the 
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oxides formed in case of _ N were mainly composed of hematite, while at ^V N were 

mainly made of magnetite. On the other hand, when severe wear regime was 

established no protective tribo-layer was formed (Figures b.<>c and b.<hc), 

resulting in high wear depths.  The majority of LPBF samples showed a mild-

oxidative wear regime, with the exception of W<HT and WbHT. This outcome is 

presumably related to the fracture toughness of the heat-treated alloy.  W<HT and 

WbHT sliders exhibited indeed the highest hardness, equal to YY and Yh HRC 

respectively. Indeed, according to the Archard’s law, wear rate of metal alloys is 

inversely related to the alloy hardness. Thus, for a metal characterized by a high 

hardness value a high wear resistance should be expected. However, the decrease 

in the fracture toughness induced by increased alloy hardness, can induce different 

wear mechanisms involving microcracking. In this condition the Archard’s law can 

be no longer valid and elevated wear rate can be obtained, even in case of a high 

hardness value [>>]. Finally, it should be noticed that wear mechanism of the 

conventional wrought alloy changed, confirming the load-dependence of the 

tribological behavior showed also by COF. For the _ N tests, severe wear of the 

wrought alloy occurred, while during tests performed at ^V N load a mild-oxidative 

regime was established by the formation of the aforementioned oxidative tribo-

film.  

 Mild-oxidative wear Severe wear 

SE
 

   

 a b c 

BS
E 

   

 d e f 

Figure b.<>: Secondary and back scattered electrons SEM analyses of sliders wear scars: a), b), d), 

e) mild-oxidative regime; c), f) severe wear regime. 
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Figure b.<h: SEM-EDS maps of wear scars for: a), b) mild-oxidative regime; c) severe wear regime. 
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CORROSION RESISTANCE 

Preliminary assessment of corrosion resistance is reported in Figure b.<=, 

showing the polarization resistance (Rp) as a function of time in PBS solution. 

Samples that exhibit a higher Rp are characterized by a better corrosion resistance. 

From the preliminary results, LPBF as-built sample C^ exhibited a corrosion 

resistance comparable to the conventional wrought alloy and, after heat treatment 

(C^HT), the corrosion behavior significantly increased. Heat treatment succeeded 

also in increasing polarization resistance of the LPBF as-built sample C< samples. 

However, it should be noticed that the corrosion behavior was influenced by 

process parameters. Further analyses will be needed in order to understand the 

effect of process parameters and heat treatments on corrosion behavior of the 

LPBF Co<=Cr>Mo alloy.  

 

Figure b.<=: Resistance potential for the Co<=Cr>Mo alloy immersed in PBS solution 
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3.2.4 Conclusions 

In the present work, the effect of a direct aging treatment of the as-built LPBF 

alloy, without any prior solution treatment, on hardness and microstructure for 

the LPBF Co<=Cr>Mo alloy was investigated. Temperatures in the range >VV-�VV 

°C were considered for a holding time between bV and ^=V min. Once defined the 

optimized heat treatment conditions, dry sliding wear tests were conducted on as-

built and heat-treated alloy processed with different value of laser energy density. 

As a reference, also the wear behavior of the conventional wrought alloy was 

evaluated. Based on the results, the following conclusions can be summarized:  

• For all the investigated temperatures (>VV-�VV °C) strengthening of the 

alloy occurred, related to both fcc to hcp phase transformation, as a result 

of the isothermal treatment, and precipitation of very fine and 

homogenously dispersed Mo-based second phases. The formation of these 

globular fine particles was influenced by both aging temperature and 

holding time and reached it maximum density for ^=V min at =_V °C aging 

treatment.  

• In the range of contact pressures relevant for biomedical applications (^V-

_V MPa), the as-built LPBF alloy was characterized by a higher wear 

resistance than conventional wrought alloy currently adopted for 

orthopedic implants. In most cases, the optimized aging treatment did not 

affect the wear behavior of the alloy, even if it should be noticed that for the 

heat-treated alloy characterized by the highest hardness a change in the 

wear behavior occurred and wear resistance became comparable to the 

wrought alloy.  

• For a specific combination of process parameters, preliminary results on 

corrosion behavior of the alloy showed that the LPBF as-built alloy might 

have higher corrosion resistance than the conventional wrought alloy. 

Furthermore, the optimized heat treatment succeeded in increasing the 

corrosion resistance of the LPBF alloy obtained with both process 

parameters combinations so far investigated. 
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Chapter 4 

LASER POWDER BED FUSION OF ALSI7MG 
ALLOYS 

A LITERATURE REVIEW 

 

 
4.1 Aluminum Silicon Magnesium casting alloys  

Al-Si-Mg alloys belong to the family of Al-Si casting alloys and represent the ;<-

=<% of commercially produced casting components. The most widely used Al-Si 

alloys have indeed a Si content in the range D-E< wt.% that improves fluidity and 

castability, making Al-Si alloys suitable for different processes, such as sand, die, 

and permanent mold casting [E]. In the transportation field, that takes great 

advantages of the high weight-to-strength ratio of Al alloys, Al-Si-Mg are mainly 

used in the power train system [K]. Thanks to proper addition of Mg, these alloys 

are heat treatable, meaning that strengthening of the alloy is achievable by 

precipitation of fine coherent hard second phases (i.e. MgKSi) after a dedicated heat 

treatment, named solution treatment and aging. In the reason of their good 

castability and high mechanical strength after heat treatment, Al-Si-Mg alloys are 

typically used for structural castings, often requiring quite complex design. Among 

these alloys, the hypoeutectic Al-DSi-Mg ones are recommended for engine blocks, 

in the reason of high strength and elongation values at room temperature they can 

reach after heat treatment (TP). For these particular applications, they also exhibit 

an elevated thermal fatigue resistance, mainly ascribable to the low tendency to 

cracking in the plastic regime [K]. As can be appreciated in Table R.E that reports 

the nominal chemical composition of these alloys, with different Mg content, they 

also have a limited content of impurity. Since these alloys are usually obtained with 

secondary processes, and level of impurity can increase during recycling, the 

content of undesired elements (i.e. Fe) has to be carefully controlled. In the same 
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table, also the two principal standard designations are reported, according to the 

International Alloy Designation System (IADS) of the Aluminum Association [V,R] 

and to the EN ED;< standards [Y–D], that comprises both a numerical and a 

chemical designation system. Hereafter, the chemical designation will be used to 

identify these alloys.  

Table R.E: Al-DSi-Mg alloys: designations, according to International Alloy Designation System 

(IADS) [V] and EURONORM (EN) [Y–D] system, and nominal chemical composition according to 

EN ED<P [;] (when range is not specified, content of the element is to be intended as maximum 

acceptable).  

Designation Element (wt.%) 

IADS 
EN 

Chemical 

EN 

Numerical 
Al Si Mg Mn Fe Cu Ti Zn Other 

VYP.< 
EN-AC 

AlSiDMg<.V 

EN-AC 

RKE<< 
Bal. 

P.Y – 

D.Y 

<.KY – 

<.VY 
<.E< <.E= <.<Y <.KY <.<D <.E< 

VYD.< 
EN-AC 

AlSiDMg<.P 

EN-AC 

RKK<< 
Bal. 

P.Y – 

D.Y 

<.RY – 

<.D< 
<.E< <.E= <.<Y <.KY <.<D <.E< 

 

Two main families of AlSiDMg alloys are defined, whose main difference relies in 

the percentage of Mg, accountable for the mechanical response of the alloys. 

AlSiDMg<.P alloy, indeed, in the reason of the high Mg content, can ensure greater 

mechanical strength. However, high amount of Mg promotes the formation of an 

undesired intermetallic compound (π-Al=FeMgVSiY). In order to limit, or hinder, 

the formation of this compound, small amount of beryllium (<.<R – <.<D wt.%) 

can be added. On the other hand, Be is associated to potential health issues 

(inhalation of beryllium fumes can cause acute or chronic berylliosis [E]), so a 

different solution has been found in limiting the Fe content up to <.E< wt.%, as 

well as Be content up to <.<<K wt.%. As a consequence, variations of the nominal 

chemical composition of AlSiDMg<.P (VYD.<) alloy have been developed and seven 

different compositions (AVYD.< to FVYD.<) have been so far listed in the Aluminum 

Association system [=].      
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When coming to innovative additive processes, AlSiDMg alloys are one of the 

most commercially available Al alloys in forms of powders for AM applications, 

after the most widely used AlSiE<Mg (VP<.<) alloy which has <.RY wt% Mg. As 

shown in Figure R.E reporting the distribution of the academic research on LPBF of 

Al alloys in the recent years, the latter have yet been extensively investigated in the 

literature while quite limited researches have been carried out on AlSiDMg alloys. 

However, by comparing mechanical properties of conventionally manufactured 

(sand or die casting) and heat treated (TP) parts, AlSiDMg<.P alloy is characterized 

by a better tensile response than AlSiE<Mg, whose properties are Rm=K=< MPa, 

Rp<.K=KR< MPa, A%=K and Rm=KP< MPa, Rp<.K=KK< MPa, A%=E respectively [;]. In 

this view, the potential of LPBF could be more proficiently exploited by AlSiDMg 

alloys, so, that is the reason why the AlSiDMg<.P alloy has been chosen as base 

material for the experimental investigations reported in the next section.  

 

 
 

Figure R.E: Published papers regarding laser-based powder bed fusion of aluminum alloys in the 

last years (Scopus®, accessed on September K<K<) 
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4.2 Metallurgy of conventional cast AlSi7Mg alloys 

As for all casting alloys, microstructure and thus mechanical properties of 

AlSiDMg alloys are determined by:  

 

• chemical composition;  

• melt treatment and pouring; 

• solidification conditions; 

• eventual post-solidification densification treatment (e.g. Hot Isostatic 

Pressing, HIP); 

• final heat treatment. 

 

As these alloys are used for structural castings, the careful control of chemical 

composition is crucial. Ductility, for example, can be very high for these alloys, but 

it is strongly affected, besides the undesired presence of solidification defects, by 

impurity content as well as modification of the Al-Si eutectic. The role of each alloy 

element is synthetized in Table R.K, where elements are classified in major, minor 

and impurity. Major elements define main properties of the alloy and both minor 

and impurity elements may affect castability, solidification, final properties and 

formation of second phases, that can be either desired or undesired. 
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Table R.K: Alloy elements in AlSiDMg, role and type (mayor, minor or impurity), adapted from [E]. 

Element Role Type 

Si Improves casting properties: fluidity, feeding and hot tear resistance.  Major 

Mg 
After aging treatment, forms MgKSi precipitates that improve strength and 

hardness.  
Major 

Ti Refines grain structures, in particular if associated with B (TiBK) Minor 

Fe Forms insoluble and brittle phases that decrease ductility, such as β-needles 
FeSiAlY and α-phase (Fe,Mn)VSiKAlEY (Chinese script). 

Impurity 

Mn Changes the type of undesired Fe-phases, from β-needles to α 
scripts and reduces die soldering. 

Impurity 

Cu If ><.<Y-<.E% can decrease corrosion resistance. Impurity 

Be 

In the range <.<<<Y – <.<<K% (Y to K< ppm) reduces oxidation losses and 

spinel inclusions. If ><.<R% hinders the formation of undesired π-

Al=FeMgVSiY, however in percentage ><.<<K is harmful for human health.  

Minor 

Na and Sr 

Used as modifier of the Al-Si eutectic must be kept at very low 

concentration (E<<-V<< ppm), since Na can form a thick oxide and Sr can 

cause porosity.  

Minor 

 

As already explained when discussing the rapid solidification occurring during 

LPBF process (Chapter E), solidification conditions play a major role in defining 

microstructural features also in the case of conventional cast products. There are 

a number of casting processes (e.g. sand or die casting, lost foam, permanent mold 

casting [E]) and the discussion of each of them, and the respective resulting 

microstructure, is beyond the purpose of this dissertation. However, it should be 

mentioned that each casting process determines different fluid dynamics of molten 

material, cooling rates, heat extraction mechanism and they all govern defects 

formation during solidification (e.g. gas porosities, shrinkage cavities, oxide bi-

film, cracks, etc..) and final microstructures (e.g. secondary dendrite arm spacing 

SDAS, grain size, size and distribution of the eutectic Silicon). 

Nevertheless, as disclosed in Table R.V, none of the conventional casting 

processes can reach the cooling rates estimated for LPBF, thus explaining the 
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principal reason why, even starting from the same chemical composition, additive 

and conventional processes result in very different microstructures.  

 

Table R.V: Typical cooling rates and Secondary Dendrite Arm Spacing (SDAS) for conventional 

casting processes (adapted from [E<,EE]) and additive Laser-based Powder Bed Fusion (LPBF).  

Casting process Cooling rate [°C s-G] SDAS [µm] 

Dry sand <.<Y – <.K  E<< - E<<< 

Green sand <.E – <.Y K< - EK< 

Permanent mold <.V – E.< K< - D< 

Die casting <.Y – K.< K< - D< 

High-pressure die casting Y< - Y<< Y - EY 

LPBF Approx. E<P    - 

 

4.2.1 Conventional as-cast microstructure 

Al-Si-Mg alloys solidify in a dendritic structure and, as evidenced in Tab. R.V, 

size of dendrites (quantified by the Secondary Dendrite Arm Spacing, SDAS) 

strictly depends on the solidification rate, thus on the casting process. SDAS has 

been positively related to mechanical properties [EK,EV], demonstrating that, in 

analogy with the well-known Hall-Petch relation, a low value of SDAS is beneficial 

in terms of all mechanical properties.  

The equilibrium phase diagram of the Al-Si system, reported in Figure R.K, 

presents a partial solid solubility and a eutectic reaction in correspondence of 

Si=EK,P wt.% that solidifies at YDD °C, while pure aluminum solidifies approx. at PY; 

°C. In particular, it can be noticed that solubility of Si in Al is rather limited, being 

E.Y at.% at the eutectic temperature and approximately <.<Y at.% at V<< °C [ER].  
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Figure R.K: Al-Si phase diagram [EY], the composition of the AlSiDMg alloy is evidenced in the 

diagram by a red dotted line.  

 

As a result, Si strongly segregates during solidification and the final microstructure 

consists of α-aluminum dendrites surrounded by the eutectic Al-Si phase (Figure 

R.Va). Since eutectic Si solidifies in a brittle acicular or lamellar structure (Figure 

R.Vb), in order to improve strength of the alloy modification of the eutectic phase 

is usually performed by adding a small percentage (E<<-V<< ppm) of Na or Sr in 

the melt. This addition changes the morphology of eutectic phase from acicular to 

a more convenient fibrous structure (Figure R.Vc). 
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a b c 

Figure R.V: As-cast microstructure of AlSiDMg alloys: a) general view where white α-aluminum 

dendrites surrounded by greyish eutectic phase can be appreciated [EP], b) un-modified eutectic 

phase with acicular Si crystals, c) modified eutectic phase with a fibrous morphology [ED]. 

 

In the reason of the presence Mg and impurity elements like Fe and Mn in the 

alloy, intermetallic compounds form during solidification, as a result of 

equilibrium and non-equilibrium transformations. Solid solubility of Fe in Al is 

very low, as a consequence Fe-based phases are the most common intermetallic 

compounds found in Al-Si alloys and have been extensively studied in the 

literature [E;–KK]. Due to their harmful effects on mechanical properties, especially 

for the alloy ductility and fatigue strength, they are undesired and several 

procedures have been developed in order to limit their effect, such as heat 

treatments, chemical and microstructural control [KV]. Phase constituents and 

intermetallics of AlSiDMg alloys are reported in Table R.R.  The amount of 

intermetallic compounds in the alloy is usually around Y vol.% so, if not extracted 

from the matrix, they can be hardly detected by X-ray diffraction analyses (Figure 

R.R). However, they can be easily recognized by conventional optical (Figure R.Y) 

and scanning electron (Figure R.P) microscopy and are usually located in the 

interdendritic region.  
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Table R.R: Phase constituents in the AlSiDMg alloys (adapted from [KV,KR]). 

Phase 
System, 

space 
group 

Cell 
parameters 

[Å] 
Morphology 

Chemical 
composition 

[at.%] 
Effect 

α-Al Cubic (fcc) a=R.<VVV Dendrites E<< Al  

β-Si Cubic, AR a= Y.RV<YR 
Polyhedra, 
branched 

platelets, rods 
E<< Si  

α-Al(FeMnSi) 

α-AlEF(FeMn)GSiH 
Cubic, ImV a= EK.Y< 

Polyhedra, 
Chinese Script 

E=.K (FeMnCr), 

D.D Si 

Reduces 
Machinability 

β-AlFFeSi Monoclinic 

a= P.EK 

b= P.EK 

c=RE.R; 

α==E° 

Needles 
ER.V Fe, 

ER.V Si 

Deleterious, 
increases local 
stress (cracks 
initiator) 

MgHSi 

Cubic (fcc) 
FmVm 

Hexagonal, 
β’ 

a= P.VYE 

a= D.<Y 

c=R.<Y 

Fine Chinese 
Script, 

dispersed 
particles 

PP.P Mg, 

VV.V Si 

Increases 
mechanical 
strength, 
decreases 
ductility 

π-AlJMgGFeSiH 
Hexagonal, 

PPKm 

a= P.PV 

c=D.=R 
Chinese Script 

ER.V Si, 

KE.R Mg, 

D.E Fe 

Decreases 
ductility 

π-AlKFeMgGSiF 
Hexagonal, 

PPKm 
 Chinese Script 

R;.= Al 

KP.P Si 

ER.= Mg 

;.P Fe 

Obtained after 

TP treatment, 

less harmful than 

π-Al;MgVFeSiK 

 



CHAPTER 4 – LPBF OF ALSI7MG ALLOYS, A LITERATURE REVIEW 
 

   138 

 

Figure R.R: Examples of XRD pattern for modified and un-modified AlSiDMg alloy: a) as-cast 

condition, b) extracted particles [KY].  

 

  

a b 

Figure R.Y: Optical micrographs of as-cast microstructure of the AlSiDMg<.P alloy, showing 

intermetallic particles as indicated by arrows: a) Chinese-script and platelet morphologies, b) 

bulky precipitate [EP].  
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Figure R.P: Scanning electron micrographs of AlSiDMg<.P alloy as-cast microstructure, showing 

intermetallic particles (adapted from [EP]). 

 

4.2.2 Solidification defects 

In the final microstructure, typical solidification defects can be found, such as: 

interdendritic shrinkage, hot cracking, porosity and oxide inclusions [KP]. 

Interdendritic shrinkage forms as a consequence of shrinkage during solidification 

and poor feeding of interdendritic regions. Hot cracking occurs in the last stages 

of solidification when the mushy region cannot withstand to imposed local 

stresses, thus forming intergranular cracks. Shrinkage and hot cracking are both 

related to the solidification range of the alloy but, for AlSiDMg alloys, they do not 

represent a major concern. As  showed by the phase diagram in Figure R.K, where 

AlSiDMg composition is marked by a red dotted line, they have a high amount of 

Si that increases the percentage of eutectic phase, thus reducing the solidification 

(or freezing) range, being PEY – YP< °C. A short solidification range reduces the 

probability to incur in hot cracking, while the large amount of eutectic phase 

promotes feeding of liquid phase, thus limiting shrinkage [EY]. Porosity and oxides 

formation are rather a major concern for all aluminum alloys. The latter are due to 

the tendency of aluminum to easily react with oxygen, forming an oxide film 

(AlKOV) on the molten material, later incorporated in the bulk, leading to the so-

called oxide bi-film (Figure R.Da). Porosity (Figure R.Db), on the other hand, can be 

mainly ascribed to the hydrogen content: hydrogen is the only gas that dissolves 

in liquid aluminum and, since the solubility of hydrogen in liquid aluminum is 

quite limited and strongly decreases during solidification, the most part of 

hydrogen tends to develops gas bubbles, thus forming spherical or elongated  

porosities with smooth surface [E,KP]. Porosity is strictly related to oxides 



CHAPTER 4 – LPBF OF ALSI7MG ALLOYS, A LITERATURE REVIEW 
 

   140 

formation; aluminum, indeed, tends to react with moisture present in the 

atmosphere and reduces water vapor (HKO) in order to form AlKOV, thus it 

promotes the dissolution of hydrogen [ED].	 

 

  

a b 

Figure R.D: Common defects in AlSi cast alloys: a) scheme of the process leading to oxide bi-film 

[KD], b) interdendritic shrinkage cavities and gas porosities [K;]. 

 
4.3 Heat treatment of conventional cast AlSi7Mg 

alloys 

AlSiDMg alloys achieve the highest mechanical properties after a well-defined 

full heat treatment designated as TP temper, according to the definition given by 

ISO KE<D [K=]. As already mentioned, the nanometric coherent MgKSi precipitates 

are responsible for the high mechanical strength obtained in TP temper condition. 

The TP heat treatment consists of three main stages, whose details are disclosed in 

Table R.Y:  

 

• high-temperature solution treatment; 

• quenching; 

• artificial aging treatment.  
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Table R.Y: Specifications of TP heat treatment for AlSiDMg alloys, as reported by ASTM B=ED [V<]. 

Alloy 
Final 

temper 

Solution treatment 

Quenching 

Artificial aging treatment 

Temperature  

[°C] 

Time at 

temperature  

[h] 

Temperature 

[°C] 

Time at 

temperature 

[h] 

AlSiLMgM.G 
TP 

YR< ± Y P to EK EYY V to Y 

AlSiLMgM.O YR< ± Y ;  EPY P to EK 

 

Solution treatment has the final purpose of release Mg in the aluminum matrix 

and during this treatment three key actions occur [VE]: i) change in the morphology 

of eutectic Si particles, especially in case of un-modified alloys; ii) dissolution of 

coarse MgKSi particles formed during solidification; iii) homogenization of casting, 

by reducing elements segregation. Fe-based intermetallics are generally unaffected 

by conventional TP treatment: at YR< °C α and β phases (Table R.R) may undergo 

to some degree of spheroidization or fragmentation, but not to a phase 

transformation. However, according to some experimental evidences [KK,VK], 

when Mg=<.VY-<.YY wt.%, the π to β phase transformation in Fe-based 

intermetallics may occur, leading to an additional release of Mg in the Al matrix 

and the dissolution of coarse script-like π-phases replaced by re-precipitated fine-

scale platelets-like fine β-phases. In order to induce the precipitation of coherent 

MgKSi particles during the aging treatment, it is necessary firstly to retain the 

dissolved Mg in the Al matrix through a rapid quenching from the solution 

temperature, usually performed in hot water (<E<< °C).  

After quenching, a supersaturated Al solid solution (Alss) is formed and, in 

addition, the rapid cooling promotes a high density of vacancies in the crystal 

structure. Lastly, the artificial aging treatment stimulates the formation of fine 

precipitates, following a specific precipitation sequence:  

 
Alss à  GP Zones à β’’ à β’ à β (+Si) 
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Precipitation starts with the formation of fully coherent solute-rich clusters 

termed GP (Guinier-Preston) zones. GP zones are the first to homogeneously 

nucleate due to their coherency with the matrix and their atomic size. In this stage, 

vacancies play a major role in the nucleation of coherent precipitates by promoting 

diffusion and by relieving local strain in the lattice [VV]. During aging, solute-rich 

clusters tend to transform and eventually evolve in an equilibrium phase (β) and 

excess free Si. However, before reaching the equilibrium phase, two metastable 

intermediate phases, also termed transition phases, exist. β’’ is a coherent phase 

that strongly contributes to the strengthening of the alloy, while β’ is a semi-

coherent phase occurring in the first phase of softening. The qualitative trend in 

the alloy strength as a function of aging time and precipitates is given in Figure 

R.;, while detailed information about phases that are developed during aging 

treatment is reported in Table R.P.  In the curve of Figure R.; two main conditions 

can be recognized: peak-aging, corresponding to the highest strength that can be 

reached, and an over-aging condition, where softening occurs. TP heat treatment 

refers to the peak-aging condition. In more detail, according to Sha et al. [VR], the 

precipitation sequence upon the peak-aged condition for the AlSiDMg<.P alloy can 

be expressed as:   

 

Alss à solute clusters à solute clusters + GP Zones à solute clusters + GP Zones + β’’ 

 

It should be noted that aging effects and properties strictly depend on the Mg:Si 

ratio in the solid solution: an excess of Si (with respect to the stochiometric ratio 

Mg:Si=K at% in MgKSi) can considerably change the kinetics of precipitation and 

phase composition. As can be derived from Table R.P, Mg:Si ratio among aging 

phases is different: passing from GP-zones to β’’, β’, and finally β, the ratio 

increases; in other words, metastable phases are enriched in Si [VY]. Ultimately, it 

is worth mentioning that any delay between quench and aging, termed pre-aging, 

should be avoided. Precipitation from Alss, in fact, occurs even at room 

temperature and, as many reported in the literature [VE,VR,VP], pre-aging time 

affects the kinetics of precipitation and possibly final properties of the heat-

treaded cast. 
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Table R.P: Crystal structure, space groups and lattice parameters of phases occurring during aging 

of Al-Si-Mg alloys reported in the literature (adapted from [VY,VD,V;]).  

Phase 
Crystal 

Structure 

Lattice parameters 

a [nm] b [nm] c [nm] γ  or β [°] 

β’’ 

MgYSiP 

MgRAlVSiR 

Monoclinic 

CK/m 

<.PEP <.PEP <.DE< ;K (γ) 

<.DD <.PD <.K<V DY (γ) 

E.YEP <.R<Y <.PDR E<Y.V (β) 

      

β’ 

MgE.;Si 

Hexagonal 

PPV/m 

<.D<Y  <.R<Y  

<.R<Y  <.PD  

<.R<D  <.R<Y  

E.<R  <.R<Y  

<.DEY  E.KEY  

Orthorhombic 

<.P;R <.D=V <.R<Y  

<.PDK <.D;D <.R<Y  

  

   

 

β  

MgKSi 

Cubic 

Fcc (CaFK) 

<.PV=    

<.PVYE    

      

Si 
Cubic 

fcc 
<.YRV 
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Figure R.;: Qualitative trend of alloy strength as a function of aging time for an Al-Si-Mg alloy 

with details of precipitations stages and strengthening mechanisms (adapted from [V=]). 

 

 

4.4 Mechanical properties of conventional cast AlSi7Mg 
alloys 

Minimum mechanical requirements for the AlSiDMg alloys, in terms of hardness 

and tensile properties, are reported in Table R.D. As discussed in the previous 

sections, these alloys are usually employed in the TP condition, however, as a 

reference, in the same table also the properties of the as-cast (F condition) alloy 

are reported.  

Tensile properties depend on both heat treatment and processing route. Indeed, 

as previously mentioned, mechanical properties are strictly related to SDAS values, 

which depends on the processing routes. As a result, sand castings, that are 

characterized by a higher SDAS value, exhibit lower mechanical properties than 

permanent mold castings. The influence ascribable to the manufacturing process 

is considered in the requirements given by standards, that establish lower criteria 

for acceptability in case of sand castings, especially in terms of ultimate strength 

and elongation. While in the as-cast condition data for AlSiDMg<.V and 

AlSiDMg<.P alloys are comparable, after heat treatment AlSiDMg<.P exhibits 

higher mechanical properties. This outcome, as mentioned in the previous section, 
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is ascribable to the higher Mg:Si ratio of the latter that leads to a more positive 

response to aging. Indeed, by comparing data of as-cast and heat-treated 

components, the strengthening effect of the heat treatment is quite evident. Yield 

strength is more than doubled for both sand and permanent mold castings, and 

ultimate strength is almost doubled. On the other hand, ductility of the alloy is not 

negatively affected by heat treatment that results in a good combination of high 

strength and elongation. 

 

Table R.D: Mechanical properties (minimum requirements) of AlSiDMg alloys at room 

temperature as function of processing route and condition (F stands for as-fabricated, TP for heat 

treated) [;,=,R<]. 

Alloy Route Condition 
Hardness 

HB 

Tensile properties 

E [GPa] Ys [MPa] UTS [MPa] A%  

AlSiLMgM.G 

Sand casting 

F  Y< - D<-;< EV<-ER< K-K,Y 

TP D<-DY  - EPY-E=< KKY-KV< K-V.Y 

Permanent 

mold 

casting 

F  YY DK.R ;<-=< EY<-ED< K,Y-V 

TP DY-=< - E;Y-KE< KP<-K=< R-Y 

AlSiLMgM.O 

Sand 

Casting 

F Y< DE.D =< ED< K,Y-Y 

TP ;Y  - KE<-KY< KY<-VEY E-V 

Permanent 

mold 

casting 

F YY DE.D =<-E<< ED<-E=< K,Y-P 

TP E<<  - KR<-K=< VK<-VP< V-Y 
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It should be also mentioned that higher mechanical properties than the ones 

reported in Table R.P can be obtained with a proper optimization of heat 

treatment, and also by recurring to HIP in order to reduce internal solidification 

defects. As an example, for the heat-treated AlSiDMg<.P HIP sand cast alloy the 

following mechanical properties were reached: UTS=VV= MPa, Ys=KYD MPa and 

A%=D.Y [EV]. For the heat-treated AlSiDMg<.V gravity die cast, tensile properties 

lied in the ranges UTS=K=D-VVV MPa,  Ys=KYR-KPP MPa and A%=E.Y-=.V [EK].  

 
 

4.5 General considerations on LPBF of Al alloys 

As shown in Figure R.=, aluminum alloys are the most studied metallic material 

for AM applications.  The chart reports the trend in the metallic materials that 

have been subject of scientific researches ever published and indexed on Scopus® 

database, for all AM technologies from E=;< to K<K<.  Aluminum alloys cover more 

than V<% of scientific research, followed by steels (KY%) and titanium alloys (KE%). 

 

 

Figure R.=: Trend in the scientific research of additively manufactured metallic materials, as 

indexed by Scopus® database (accessed on September K<K<) 
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However, processing aluminum alloys can be quite challenging especially in case 

of LPBF. The reason mainly lies in the physical properties of aluminum that can be 

synthetized as follows [RE]:  

• Aluminum is characterized by a high laser reflectivity (=E%) that leads to 

inefficiency of the process and the necessity of high laser power.  

• Aluminum alloy powder is generally characterized by a low flowability and 

tends to adsorb moisture from the atmosphere, especially if not properly 

stored in a controlled environment. These aspects promote particles 

agglomeration and affect the proper spreading of a regular powder bed by 

means of the re-coater.  

• Aluminum easily reacts with the oxygen present in the moisture or in the 

atmosphere, even in case of inert atmosphere with a controlled oxygen level 

as in the LPBF. Aluminum oxidizes easily and forms an oxide film on the 

melt pool that promotes the formation of metallurgical defects. In addition, 

also aluminum powder tends to oxidize and surface oxidation affect powder 

melting.     

• Solubility of hydrogen in solid and liquid aluminum is very different, 

hydrogen derived from the reduction of HKO of the moisture dissolves in 

the liquid aluminum and forms porosities when the liquid melt pool rapidly 

solidifies. 

• Aluminum has a high thermal conductivity and a high thermal expansion 

coefficient. The high thermal conductivity leads to a lower heat 

accumulation during the process that can be responsible for cracks and 

porosities formation. In this view, platform pre-heating and high laser 

power are often required in order to obtain high-density parts. On the other 

hand, the high thermal expansion coefficient, along with a high 

solidification range, may promote high residual stress, cracks and 

deformations.   

• Vaporization of low-melting alloy elements (such as Mg) can occur, thus 

leading to fluctuations in chemical composition.  
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As a consequence, not all aluminum alloys are suitable for LPBF technology.  In 

order to obtain high-density and possibly crack-free parts, a narrowed 

solidification range and a good weldability are necessary. Therefore, among the 

commercially available aluminum alloys, the most widely used are the eutectic and 

near eutectic Al-Si cast alloys, namely AlSiEK, AlSiE<Mg and AlSiDMg, as already 

evidenced by the chart in Figure R.E. Among these alloys, as already mentioned, 

AlSiDMg alloys are the most interesting for industrial applications in the reason of 

their good overall mechanical properties, especially after TP heat treatment. It is 

however worth noticing that the aging treatment must be redesigned and tailored 

based on the peculiar microstructure resulting from LPBF.   

 
 

4.6 Microstructure of as-built LPBF AlSi7Mg 

In light of issues related to the LPBF of aluminum alloy reported in Section R.Y, 

a number of defects have been reported in the literature [RE,RK]. These defects were 

mainly related to: lacks of fusion and gas porosities, hot-cracking and residual 

stress, anisotropy, and poor surface quality. However, the studies hereafter 

discussed reported a near full-density (>==%) obtained after process optimization. 

As LPBF process is driven by a large number of process parameters and results can 

be strongly influenced by the feedstock material properties and the type of printing 

equipment utilized, literature optimized parameters will not be included in the 

present discussion. It should be mentioned, although, that the role of process 

parameters in the LPBF will be faced in the next chapter regarding experimental 

activities.  

The microstructure of LPBF parts diverges substantially from conventionally 

cast counterparts, in the reason of the already discussed rapid solidification 

conditions. Due to rapid solidification conditions, the final microstructure consists 

of sub-micron sized primary α-Al surrounded by a fine fibrous network of eutectic 

Si. During the solidification of Al-Si alloys, indeed, primary α-Al cells grow 

epitaxially and Si is expelled into the liquid that finally solidifies as eutectic phase 

in correspondence of cells border (Figure R.E<)[RV]. In addition, fast cooling rates 

extend the solubility of Si up to Y.R wt.% [RR], therefore, the actual amount of Si 
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ejected in the liquid phase is reduced. As a consequence, the supersaturation of Al 

cells with Si is promoted. 

 

 

Figure R.E<: Schematic representation of solidification sequence for the LPBF AlSiE<Mg alloy: a) 

melt pool formed by the laser beam, b) solidification of primary α-Al cells along <E<<> 

crystallographic direction, c) final microstructure [RY]. 

 

The typical microstructure of the LPBF AlSiDMg<.P alloy, and more in general 

of the Al-Si alloys, is reported in Figures R.EE, and R.EK. Melt pools can be 

appreciated with low magnification optical microscopy (Figures R.EEa and R.EKa), 

where melt pool borders appear bluish and core is orange. The shape of melt pools 

changes according to samples extraction direction: it is elongated in case of section 

perpendicular to the building direction and semicircular in case of section parallel 

to the building direction. The peculiar fine cellular sub-structure can be 

appreciated only by means of high-magnification electron microscopy (Figures 

R.EEc,d,e and R.EKc,d,e). As a result of subsequent thermal cycles induced by the 

layer-wise process, cellular structure and in particular eutectic Si network have 

different morphology according to the location inside the melt pool [RP]: 

• Melt pool core (Figures R.EEc and R.EKc): this region experiences high 

solidification rates and it is marginally affected by subsequent scans, thus it 

is characterized by the finest microstructure and a continuous Si network. 
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• Melt pool borders (Figures R.EEd and R.EKd): this area is characterized by a 

coarser microstructure as they are formed by overlapping of consecutive 

laser scans and they experience lower solidification rates. An interrupted Si 

network can also be recognized. 

• Heat Affected Zones (HAZs, Figures R.EEe and R.EKe): these regions are 

located just below melt pool borders, and more generally around the melt 

pools, and are characterized by a broken intercellular Si network, resulting 

from particles coarsening due to re-heating induced by the following scans.    

  

Figure R.EE: Micrographs of cross-section 

parallel to the working platform for the 

AlSIDMg<.P alloy: (a) optical, (b) low 

magnification SEM, (c) high magnification 

SEM of the melt pool core with EDS maps 

showing Si distribution in green color, (d) 

high magnification SEM of the melt pool 

border, (e) high magnification SEM of HAZ 

[RD]. 

Figure R.EK: Micrographs of cross-section 

parallel to the building direction for the 

AlSIDMg<.P alloy: (a) optical, (b) low 

magnification SEM, (c) high magnification 

SEM of the melt pool core with EDS maps 

showing Si distribution in green color, (d) 

high magnification SEM of the melt pool 

border, (e) high magnification SEM of HAZ 

[RD]. 

Therefore, as-built microstructure is nonhomogeneous and anisotropy in Al-Si 

alloys is mainly due to the Si segregations (Figure R.EV). In case of other additively 
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manufactured metallic materials, like stainless-steels, the main microstructural 

feature inducing anisotropy is related to the long epitaxial columnar grains 

crossing over layers (Figure R.EVb). For Al-Si alloys, instead, anisotropy is due to 

the different morphology of eutectic Si network and especially to Si segregations 

occurring in re-melted coarse regions (melt pool borders and HAZs, Figure R.EVa) 

[R;]. 

 

Figure R.EV: Schematic representation of microstructural features of additively manufactured: a) 

Al-Si alloys, b) stainless-steels [R;]. 

 

The phases evidenced by X-ray diffraction analyses (XRD) of the as-built 

microstructure are Al, Si and MgKSi, as reported by the literature [RD,R=].  The 

presence of Fe-based intermetallic particles has not been evidenced either by XRD 

or metallographic analyses, presumably as a consequence of their low volume 

percentage and nanometric size. It is known, in fact, that rapid solidification 

usually contributes to reducing size of Fe-based and modifying the morphology of 

intermetallic particles [KV,Y<,YE].   

 

 
4.7 Heat treatment of LPBF AlSi7Mg 

The most part of the scientific research regarding the AlSiDMg alloys processed 

by LPBF has been devoted to the AlSiDMg<.P one. Therefore, data concerning heat 

treatment and mechanical properties here reported is mainly related to the 

AlSiDMg<.P alloy. In particular, the current state of the art of the experimental 
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works focused on the heat treatment of this alloy is summarized, along with 

treatments conditions, in Table R.;.   

Four main post-process heat treatments were considered, that can be 

synthetized as follows: 

• conventional TP treatment; 

• TP treatment with a shortened solution treatment (<.KY, E, K h); 

• direct aging from the as-built condition at the conventional aging 

temperature of EP<-EPY °C (TY treatment); 

• stress-relieving treatment performed at V<< °C x K-V h. 

 

Table R.;: Synthesis of heat treatment conditions applied in the literature to the LPBF 

AlSiDMg<.P alloy  

 

When dealing with post-process heat treatment of LPBF Al-Si-Mg alloys, two 

main aspects should be considered [R;,YV,P<]:  

• Subsequent heat inputs due to the additive process can induce artificial 

aging while the part is being fabricated. 

 First stage 

Cooling 

Second stage 

Reference 
Treatment 

Temperature 

[°C] 

Time 

[h] 

Temperature 

[°C] 

Time 

[h] 

Stress-relief KD< - V<< K - - - [YK–YR] 

Solution 

treatment 
YVY 

<.KY 

- EY< 

Water 

quenching 
- - [RR] 

TO YVY - YR< E - EK 
Water 

quenching 
EP< – E;< V - E< [YK,YV,YY–Y;] 

Direct aging EP< - ED< R - P - - - [YV,YY–Y=] 
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• Platform pre-heating, usually in the range E<<-K<< °C, promotes the 

precipitation of second phases, thus developing artificial aging and even 

over-aging in the as-built part. 

As consequence, aging conditions of firstly-processed layers can be quite different 

from lastly solidified ones and several geometric and process parameters like size 

and shape of the part, time needed to complete the manufacturing process, affect 

the post-process heat treatment. Therefore, in the as-built conditions, besides 

grain refinements, other strengthening mechanisms are likely represented by both 

solid-solution strengthening due to the supersaturation of the Al matrix and 

precipitation hardening induced by aging induced by subsequent heat inputs [R;].    

 

4.7.1 Stress-relief Annealing 

Microstructural analyses of the stress-relieved alloy (Figure R.ER) evidenced that 

no major changes from the as-built microstructure occurred: melt pools were still 

visible as well as the fine cellular microstructure embedded in the Si-eutectic 

network. However, many authors described the Si network as “blurred”, suggesting 

a partial coalescence of Si-particles and possible coarsening, as a consequence of 

the diffusion of Si facilitated by high temperature exposure.  

 

  

a b 

Figure R.ER: Representative micrograph of stress-relieved AlSiDMg<.P alloy at: a) low 

magnification [YK]; b) high magnification [YV]. 
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4.7.2 Direct Aging 

Similarly to the case of stress-relieved alloy, the direct aging (TY treatment) of 

the as-built alloy, performed in the literature at EP<-ED< °C, did not involve 

substantial modifications in the microstructure. For a long aging treatment (Ph), 

authors reported that very fine Si-based particles precipitated along α-Al cells [YR], 

but the Si-eutectic network was substantially unaffected by the treatment, leaving 

manufacturing tracks (i.e. melt pools borders) still clearly visible.  

 

4.7.3 T6 treatment 

As reported in Table R.;, currently in the literature it has been investigated the 

solution treatment (YVY-YR< °C for <.KY-EY< h) eventually followed by water 

quenching and artificial aging (EP<-E;< °C for V-E< h).    

After solution treatment at YR< °C, the microstructure drastically changed from 

the as-built condition. Peculiar features of the additively process, such as melt 

pools borders and fine cellular structure, disappeared. After solution treatment, 

the microstructure consisted of a homogeneous dispersion of almost-globular Si-

particles in the α-Al matrix (Figure R.EY). During solution treatment, in fact, the 

supersaturated solid solution obtained by the rapid solidification during LPBF 

broke down and the solubility of Si from Y.R wt.% fell down to a value of below E.P 

wt.%, that is the maximum value of Si solubility at the eutectic temperature, 

according to the equilibrium phase diagram [RR,YV]. It should be noticed that the 

anisotropy of the microstructure due to the Si segregation, differently arranged in 

the three main area (melt pools core, melt pool borders and HAZ) in the as-built 

microstructure, was strongly reduced. However, long-time holding at the solution 

temperature induced coarsening of Si-particles, as highlighted by Figure R.EY. 

Concurrently, an increase in the porosity content was also observed after solution 

treatment [YV]. The observed porosities were mainly spherical and presumably 

related to the trapped gas inside melt pools during solidification that, due to the 

exposure at high temperature, expanded and formed typical gas porosities, 

similarly to the blistering phenomenon observed in the conventionally 

manufactured cast aluminum alloys [PE].     
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Figure R.EY: Microstructure evolution for the AlSiDMg<.P alloy subjected to solution treatment 

for: a) <.KYh; b) Eh; c) Rh ; d) KRh; e) EY<h (adapted from [RR]). 

 

Aging treatment after solution and quenching was performed in the range EP<-

E;< °C for V-E< h holding time. After the complete TP heat treatment, the presence 

of acicular needle-shaped Fe-base intermetallic compound (β-AlYFeSi) has been 

highlighted by a few authors [YV,YP,Y;], as shown in Figure R.EP.  The same were 

not evidenced in the as-built, direct aged or stress-relieved alloy, therefore it is 

possible to argue that coarsening of intermetallic particles occurred during high 

temperature solution treatment. Although Fe-intermetallics are known to be 

detrimental for the mechanical response of the cast alloy, the impact of these 

acicular and micrometric compounds on strength and ductility of the LPBF alloy 

still needs further investigations.  

   

a b c 

Figure R.EP: Low to high magnification microstructure for the AlSiD<.P LPBF alloy subjected to TP 

heat treatment: a) polarized optical, b) bright field optical and c) SEM micrographs. Adapted 

from [YV]. 
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As will be discussed in the following section, direct aging of the as-built alloy 

and complete TP treatment resulted in very different mechanical response. A first 

explanation can be found in the work of Rao et al. [PK] who investigated the 

precipitation path of the direct aged (EPY °C for K h) and TP treated (solution 

treatment at YVY °C for E h followed by water quenching and aging at EPY °C for P 

h) AlSiDMg<.P LPBF alloy via TEM analyses. Based on their findings, the following 

considerations can be drawn:  

• Precipitation sequence differed from direct aged and TP alloy. 

• Direct aging of the supersaturated LPBF as-built microstructure induced 

the precipitation of randomly oriented Si-particles, that were not observed 

in the as-built condition. 

• Peak-aged TP treated alloy (Eh solution treatment) exhibited both β′′ and β′ 

reinforcing phases, being β′ the predominating one, while the one expected 

in the peak-aged condition is only β′′. With a longer solution treatment 

(;h), in the TP peak aged condition only β′′ phase was detected. 

	

The precipitation of Si particles during direct aging can be explained by the 

extended Si solubility (Y.R wt.%) resulted from rapid solidification condition, that 

gives the necessary driving force to Si atoms cluster and precipitate. At the same 

time, giving the low Mg content (<.P wt.%), clustering of Mg atoms is lower than 

Si, hindering the formation of Mg+Si particles (namely, β′′).  

After solution treatment, the supersaturation of Si is reduced and the 

precipitation sequence follows the one on the conventional cast alloys. However, 

in the peak-aged alloy the β′ phase was surprisingly the predominant phase. The 

premature appearance of β′ in the TP peak-aged condition was related to a change 

in the kinetics of the transformation, by the reason of an increased vacancy 

concentration in the LPBF alloy. Vacancies, indeed, facilitate the diffusion of 

substitutional solutes in the Al matrix. According to their findings, the 

incremented vacancy concentration can be a consequence of the uniaxial tensile 

strains in the crystal lattice, due to residual stress, that may reduce the energy 

needed for the formation of vacancy. As a consequence, the nucleation of β′ is 

promoted in the LPBF alloy, explaining the presence of this phase in the peak-aged 
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condition in contrast to the cast alloy, for which β′ is mainly related to the over-

aged condition. As will be discussed in the following Chapter regarding the 

experimental activities carried out on AlSiDMg<.P alloys, the occurrence of 

different precipitation behavior between direct aging and complete TP treatment 

is also supported by XRD and thermal analyses (DTA and DSC).  

	
	
	

4.8 Mechanical properties of LPBF AlSi7Mg 

The current state of the art of the mechanical behavior, in terms of hardness 

and tensile properties, of the LPBF AlSiDMg<.P alloy is summarized in Table R.=. 

Literature results have been organized as a function of temper condition (as-built, 

stress-relieved, TP treated, and direct aged) and building platform pre-heating. 

When available, the direct comparison of different building directions was 

integrated, in order to highlight the anisotropy of the LPBF alloy.  

By analyzing data in Table R.=, a few general considerations can be derived: 

• The as-built LPBF alloy is characterized by higher mechanical properties of 

TP conventional treated cast alloy (whose treatments conditions and 

mechanical properties are reported in Tables R.Y and R.D respectively).  The 

difference can be ascribed to the grain refinement and solid solution 

strengthening peculiar of the LPBF alloy. In addition, the fine intercellular 

network due to alloy element segregation, mainly Si, acted as barrier to the 

dislocation movement, improving yield and ultimate strength. Mechanical 

properties were even higher in case of samples produced with platform pre-

heating, thus confirming the above-mentioned aging induced during the 

process itself.  

• The stress relieving treatment resulted in a decrease in hardness and 

strength, reaching values lower than the TP heat-treated cast alloys. The 

drop can be attributed to coarsening of cells and more importantly to the 

partial diffusion of Si reducing the content of alloy elements in the matrix 

and thus the contribute due to solid solution strengthening. Consequently, 

the obstacle to dislocations movement are reduced, resulting in lower yield 

strength and improved ductility. Moreover, it should be considered that a 
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partial relieving of internal stress occurred, that could have affected the 

alloy strength.  

• The highest mechanical properties were obtained after direct aging, that 

induced an increase in both yield and ultimate strength without 

considerably affecting the alloy ductility. The result can be related to the 

precipitation of very fine Si-particles inside Al cells, as observed by some 

authors, acting as obstacle to dislocation movement. In addition, in contrast 

to stress-relieving, aging treatment did not induce coarsening of the 

microstructure and a substantial release of internal stress.  

• After TP treatment, the intercellular network disappeared and 

strengthening is due to the presence of nanometric β′ and β′’ precipitates. 

However, ultimate and yield strength were lower than as-built condition, 

while ductility is slightly promoted. Surprisingly, not appreciable 

differences between a long and a shortened solution treatment can be 

observed, even if microstructural analyses agreed in the occurrence of 

coarsening of Si-particles with increasing solution time.  

• Mechanical properties of vertical (V) specimens, built perpendicularly to 

the platform, are generally lower than horizontal (H) ones, built parallelly 

to the platform. For the Al-Si alloys, as already mentioned, the anisotropy 

in the mechanical behavior is presumably related to the Si segregations. The 

position of layer boundaries, for which the Si network is coarser, with 

respect to the loading direction in the vertical specimens can be considered 

as a cause of the lower mechanical properties. After the TP treatment, 

indeed, the homogenization of the microstructure is associated with a 

strong reduction in the anisotropy of the mechanical response.  
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Table R.=: Summary of mechanical properties reported in the literature for the LPBF AlSiDMg<.P 

alloy as a function of temper condition and platform pre-heating (H and V samples had building 

direction respectively parallel and perpendicular to the platform). The acronym N.A. (not 

available) indicates that data was not reported in the manuscript 

 

Condition 

Platform 

pre-heating 

[°C] 

Building 

direction 
Hardness 

Tensile properties 

Reference 
E  

[GPa] 

Ys 

[MPa] 

UTS 

[MPa] 

A%  

[-] 

As-built 

E<< H 
EK< ±K 

HV<.E 

;V 

±V 

KRR 

±Y 

V;; 

±Y 

Y.V 

±<.R 
[YK] 

EY< H 
EEK HBW 

Y/KY< 

N.A. K;E RED ;.R 
[YV] 

EY< V N.A. KPK V=; V.V 

EY< H 
EVV  

±V HVE 

PK 

±R 

VER 

±D= 

RRP 

±P 

P.E 

±<.V 
[Y;] 

EY< V 
EK=  

±; HVE 

PK 

±K 

K;K 

±E= 

RVY 

±E; 

V.< 

±E.< 

N.A. V N.A. DE.E 
KR< 

±R< 

R<P 

±E= 

=.= 

±V.= 
[YR] 

N.A. H E<K HV<.V N.A. 
KYD 

±V 

V=; 

±EV 

D.P 

±E.; 
[YP,Y=] 

N.A. V N.A. N.A. 
KEP 

±K 

R<< 

±R 

P.= 

±<.R 

Stress-

relieved 

E<< H 
;E ±E 

HV<.E 

DP  

±K 

E=<  

±Y 

K;=  

±P 

;.V 

±E.K 
[YK] 

EY< H 
DY HBW 

Y/KY< 

N.A. EY< KYD EP.; 
[YV] 

EY< V N.A. EYK KPP EE.Y 

N.A. V N.A. DY.D 
EV= 

±K 

KVR 

±K 

E=.Y 

±E.K 
[YR] 
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TP  

(;-EKh 

solution) 

E<< H 
EEP ±E 

HV<.E 

;R  

±V 

KY<  

±E< 

V<;  

±EK 

Y.K 

±<.K 
[YK] 

EY< H 
E<; HBW 

Y/KY< 

N.A. K=Y VY< E<.E 
[YV] 

EY< V N.A. K;< VE; V.< 

EY< H 
=Y  

±P HVE 

Y; 

±ED 

KV=  

±E< 

K=V  

±ED 

P.V  

±V.< 
[Y;] 

EY< V 
=P 

 ±D HVE 

YK  

±EK 

KRE  

±E< 

K=;  

±= 

E<.P 

±R.< 

TP  

(<.KY-E h 

solution) 

N.A. H EEV HV<.V N.A. 
KYP  

±R 

V<P  

±Y 

R.D 

±<.E 
[YP] 

EY< H 
E<<  

±P HVE 

R=  

±EK 

KKD  

±KV 

VED  

±E= 

P.=  

±E.< 
[Y;] 

EY< V 
==  

±P HVE 

R; 

±E= 

KEY  

±E< 

VK<  

±ER 

EE.;  

±K.< 

Direct aging 

EY< H 
EKP HBW 

Y/KY< 

N.A. K=R RKY ;.K 
[YV] 

EY< V N.A. KD; RKR R.Y 

EY< H 
EVD  

±K HVE 

PV  

±EE 

K;K  

±KV 

RRR  

±V 

P.; 

±E.R 
[Y;] 

EY< V 
EVP  

±V HVE 

PY  

±K 

KPE  

±; 

RVE  

±EP 

V.K 

±<.= 

N.A. H EVD HV<.V N.A. 
V<=  

±V 

REE  

±E< 

R.; 

±<.; 
[YP,Y=] 

N.A. V N.A. N.A. 
K;K  

±E 

REE  

±KE 

R.E 

±<.R 

N.A. V N.A. DR.< 
KD; 

±EY 

RV< 

±Y 

P.K 

±E.E 
[YR] 
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The mechanical behavior was further studied by means of fracture surfaces 

analyses, whose representative literature results are reported in Figure R.ED. The 

fracture mode for the LPBF AlSiDMg<.P alloy is generally ductile, for all temper 

conditions, as can be noticed by the presence of fine micrometric dimples. Only in 

few cases [RR,YD], signs of fragile cleavage fracture were evidenced in conjunction 

with a general ductile behavior. Size of such dimples, after stress-relieving 

treatment, increased, as a consequence of coarsening occurred in the 

microstructure. Further increase in the dimples dimension occurred after TP 

treatment and silicon particles could be found inside dimples showing a smooth 

and flat morphology, as a consequence of fragile fracture. In case of direct aged 

specimens, dimples were again micrometer-sized, as for the as-built condition. The 

difference in the size and morphology of dimples should be sought in the 

microstructural features of the alloy, since they nucleate from microstructural 

inhomogeneities. In fact, in case of TP alloy dimples nucleated from Si-particles 

while for the as-built and direct aged conditions, where the cellular structure was 

still present, the absence of major inhomogeneities delayed the formation of 

dimples, thus resulting in higher mechanical properties.  

As-built Stress-relieved 

  
T6 Direct aged 

  

 
 

Figure R.ED: Fractographic analyses of samples subjected to tensile tests: a) as-built, b) stress-

relieved, c) TP, d) Direct aged AlSiDMg<.P LPBF alloy (adapted from [YK,YP]). 
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Chapter 5 

LASER POWDER BED FUSION OF ALSI7MG0.6 

ALLOY 
EXPERIMENTAL ANALYSES 

 

 

Foreword 

The present Chapter synthetizes experimental activities carried out during the 

PhD research project on the AlSi@MgB.D alloy processed by Laser-based Powder 

Bed Fusion (LPBF). The main novelty aspect of the present work is related to the 

comprehensive analyses of the whole manufacturing process, thus considering 

both LPBF process optimization and post-process heat treatments assessment. 

Emphasis was given to the intimate relation between process, microstructure and 

properties. First, two different batches of feedstock powder were characterized and 

compared in term of properties of produced samples. Then, post-process heat 

treatments were deeply investigated and an innovative shortened TD treatment 

proposed. Finally, the assessment of final mechanical properties was carried out, 

and mechanical behavior related to microstructural features. 

 

Therefore, the present Chapter was focused on three main topics:  

• Definition of the effect of feedstock powder and process parameters in the 

densification process of the alloy.  

• Optimization of post-process heat treatment, with a specific focus on the 

relief of residual stress induced by the process. 

• Assessment of the mechanical response of the peak-aged alloy, by 

comparison with the as-built alloy.  
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The Chapter is mainly based on the following papers, which I have co—

authored as corresponding and first author: 

 

• “Effects of powders and process parameters on density and hardness of A456 

aluminum alloy fabricated by selective laser melting” by L. Tonelli, E. 

Liverani, G. Valli, A. Fortunato and L. Ceschini published in The 

International Journal of Advanced Manufacturing Technology (vol.BCD:46B–

4G4, ICIC) and licensed by Springer Nature on September [\, [B[B (license 

number ]^_@`_B@[^]B_). 

 

• The pre-print “Role of direct aging and solution treatment on hardness, 

microstructure and residual stress of the A456 (AlSi6MgC.D) alloy produced 

by powder bed fusion” by L. Tonelli, E. Liverani, A. Morri and L. Ceschini 

currently unpublished and under review. 
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5.1 Process optimization: role of feedstock powder and 

process parameters 

 

This section contains selected parts of the published paper “Effects of powders 

and process parameters on density and hardness of A456 aluminum alloy fabricated 

by selective laser melting” (license number ]^_@`_B@[^]B_ by Springer Nature). The 

published version of the paper can be accessed by the following link 

https://doi.org/_B._BB@/sBB_@B-B_^-B]D]_-x  

 

 

5.1.1 Aim and Scope 

On the basis of the importance of feedstock material properties and proper 

stocking conditions, especially in case of aluminum reactive powder, the work 

dealt with the relationship between powder properties, powder pre-treatments, 

and process parameters on the fabrication of aluminum LPBF samples. The 

presence of porosity in LPBF builds, indeed, is not always caused only by un-

optimized process parameters, but can also be related to the presence of porosities 

in the initial batch of powder due atomization gas entrapment [_]. Moreover, 

defects in LPBF components can result from non-spherical geometry and from the 

presence of attached ‘‘satellites” on main powder grains that compromise both the 

flowability and the packing capacity of the powder bed, compromising the 

deposition of the layer [[]. It should also be considered that in case of reactive 

materials such as aluminum, powder surface tends to react with oxygen to form a 

passivation aluminum oxide layer that absorbs humidity. A large number of fine 

particles increases the surface area in contact with air and thus the amount of 
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adsorbed water, which compromises the powder flow [g]. According to Hebert []], 

the metallurgy of powder bed fusion technologies is strongly influenced by the 

feedstock quality: water absorption, formation of oxides and hydroxides layers can 

negatively affect not only the powder flowability, but also the melting and 

solidification processes. As a consequence, feedstock powder is strongly influenced 

by the storage and handling conditions and they are not always maintained in a 

controlled humidity and temperature environment. Therefore, the storage 

condition must be examined and possible solutions to re-establish the as-received 

properties of powders must be carried out. In this view, two different virgin Ag`@ 

(AlSi@MgB.D) powders were considered, nominally with the same chemical 

composition and supplied by the same manufacturer, but obtained with different 

gas atomization processes. On both powders, the effect of two preliminary drying 

treatments to eliminate the adsorbed humidity as a consequence of an 

uncontrolled storage was evaluated. LPBF samples were fabricated by using the 

two powders, subjected to the different pre-treatments, and by varying the process 

parameters, in order to correlate final properties of samples to both the process 

conditions and the quality of the powder feedstock. In particular, the authors have 

analyzed the mutual effects of the described factors as follows:  

• influence of pre-treatment on powder morphology;  

• influence of powder morphology (axis major and aspect ratio) on samples	
density and hardness;  

• influence of pre-treatment temperature and soaking time on samples	
density and hardness;  

• influence of process parameters (laser power and scan speed) on final 

samples density, hardness, and defects.  

 

5.1.2 Experimental Procedure 

Two different Ag`@ (AlSi@MgB.D) gas atomized powders were considered for the 

production of LPBF samples. Both powders, namely Powder L and Powder H, were 

produced by the same supplier (LPW Carpenter Additive, Carpenter Technology 

Corporation, USA) adopting two different processes, whose details cannot be 
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disclosed since they represent industrial sensitive information. Chemical 

composition and powder properties, given by the supplier, are reported in Table 

`._ and Table `.[. Based on the provided data, powders mainly differ in the Mg and 

N content, higher in Powder H than Powder L, and in flowability and apparent 

density that could be provided only in case of Powder H.  

 

Table `._: Chemical composition (wt.%) of powders, given by the supplier [`] 

 Al Si Mg Fe Cu Mn Ti Zn O N Other 

Powder 
L Bal. 6.96 0.49 0.10 0.01 

< 

0.01 
0.09 

< 

0.01 
0.1 

< 

0.001 
< 0.15 

Powder 
H Bal. 6.90 0.55 0.09 

< 

0.05 

< 

0.01 
0.09 

< 

0.01 
0.1 <0.2 < 0.1 

  

Table `.[: Powders properties, given by the supplier [`] 

 
Laser Size Diffraction 

[µm] (ASTM B822) 

Sieve 
Analysis 
(wt.%) 

Carney Flow 
[s/75g] (ASTM 

B213) 

Apparent Density 
[g/cm3] (ASTM 

B212) 

 DV(10) DV(50) DV(90) + 63 µm - - 

Powder 
L 19.8 40.4 73.2 0 - - 

Powder 
H 26.0 40.0 62.0 0 38.25 1.3 

 

In order to reduce the adsorbed humidity, both powder H and L were subjected 

to drying pre-treatments and two different conditions were considered: a high 

temperature drying and a low temperature one. The first one consisted of heating 

up to [BB °C and soaking for _ h, the second one of heating up to DB °C and soaking 

for g h. In both cases the heat treatment was carried out in a muffle furnace, in 

ambient atmosphere, using a heating ramp of _BB °C/h and an air cooling. 

A total of four set of LPBF samples were realized, in order to compare both 

Powder L and H and both drying pre-treatments. LPBF samples were fabricated 

using the MYSINT_BB RM manufactured by SISMA, in a nitrogen environment 

with a residual oxygen content of B._ vol.%. Samples (_B x _B x _` mm
g
 blocks) were 

built perpendicularly to the platform adopting the process parameter disclosed in 
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Table `.g; a roto-translating g x g mm
[
 chessboard was used for scanning the bulk 

volume of each sample.  

Table `.g: Process parameters adopted for the fabrication of LPBF samples 

Hatch 
spacing 

[mm] 

Layer 
thickness 

[mm] 

Laser Power 
[W] 

Scan velocity 
[mm/s] 

Energy density  
[J/mm3] 

0.07 0.02 

70 500; 700; 900; 1200 100 – 41.7 

90 500; 700; 900; 1200 128.6 – 53.6 

110 500; 700; 900; 1200 157.1 – 65.5 

130 500; 700; 900; 1200 185.7 – 77.4 

150 500; 700; 900; 1200 214.3 – 89.3 

170 500; 700; 900; 1200 242.9 – 101.2 

 

Powder characterization was carried out both in the as-received condition and 

after drying pre-treatments. Free surfaces of powders were analyzed by means of a 

Scanning Electron Microscopy with Energy Dispersive X-Ray Spectroscopy (SEM-

EDS, Zeiss EVO `B), while powders cross-sections were analyzed with both optical 

microscopy (OM, Zeiss Imager A_) and SEM. On SEM micrographs of free powders, 

particles dimensional and geometric characterization was carried out via image 

analysis, using the ImageJ open source software. X-ray Diffraction (XRD, 

PANalytical Expert PRO with Xcelerator detector) was used to determine phase 

composition. A Cu-Kα radiation source (λ = B._`]BD nm) was adopted and θ - [θ 

scans were carried out from [B to _]B°, with a B.B_@° step size and a [` s dwell 

time, operating at ]B kV and ]B mA.   

Density of the produced samples was measured with an analytical balance 

(B.BBB_ g precision), following the Archimedes principle. Brinell hardness 

measurements (HBW [.`/D[.`, hence referred to as HB_B where _B stands for the 

force/diameter ratio [D]), were performed on as-built samples within _[ h from the 

end of the process. Topography of top surfaces was characterized by means of gD-

Digital Microscopy (Hirox KH-@@BB). Chemical composition was determined by 

glow discharge optical emission spectroscopy (GDOES, GDA-D`B Spectrum 

Analytik GmbH), while phase composition was evaluated by XRD, under the same 

operating conditions used for the powders.  
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Metallographic analyses were carried out on sections extracted from the 

direction parallel (longitudinal) and perpendicular (transverse) to the building 

one. They were prepared following standard metallographic procedures and 

chemically etched with Keller’s reagent ([B s immersion at room temperature) [@] 

before the observation via OM and SEM-EDS microscope. Porosity measurements 

and defects dimensional characterization were performed using the ImageJ 

software.  

 

 

5.1.3 Results and Discussion 

 

 

POWDERS PROPERTIES  

Representative SEM micrographs of the as-received L and H powders are shown 

in Figure `._. As can be noticed from Figure `._a,b, particles of powder H were 

generally more spherical than powder L, for which elongated particles were more 

frequent. In the case of powder H, several small and almost perfectly spherical 

particles could be found; the same did not apply to powder L. In addition, surface 

morphology of both set of powders was irregular and numerous satellites and 

collapsed particles can be found on the surfaces. The analysis of powders cross-

section in Figure `._c,f, showed that they were characterized by a dendritic phase 

and they were mainly defect-free, even if in few cases typical solidification defects 

such as gas porosities, interdendritic shrinkages and possibly bi-film oxides were 

detected [\].  
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Figure `._: Representative micrographs of as-received powders: a) SEM free powders and c), e) 

SEM and OM powders cross-sections for powder L, b) SEM free powders and d), f) SEM and OM 

powders cross-sections for powder H. 

Results of geometrical characterization of powder particles, in terms of major 

axis and aspect ratio, are reported in Figure `.[. These two geometric parameters 

were chosen to characterize the powders since major axis quantifies the maximum 

dimension while the aspect ratio determines the roundness of the particles, being 

the ratio between the major and the minor axis. The size distribution of both 

powder L and H, ranging from ` to \B µm, is asymmetric and a positive skewness 

can be recognized, meaning that the size of the majority of particles lies at low 

values. In particular, in the as-received condition almost ]B% of powders L and H 

had a major axis below [` µm. Moreover, if only small powders with a size up to _B 

µm are considered, the percentage is \.` for powder L and gB.\ for powder H, 

showing that the latter had a consistent amount of small particles. The percentage 

of particles with dimensions greater than ]` µm was, however, similar for both 

powders, being _g._ for powder L and _[.] for powder H. By comparing the results 
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obtained by image analysis and the ones given by the supplier and retrieved by 

laser diffraction (Table `.[), it appears that the analysis performed via laser 

diffraction slightly overestimated the size of powder particles. The apparent loss of 

small particles after pre-treatment observed especially in case of powder H can be 

explained in the reason of the cohesion forces [^–__]. For small particles, indeed, 

the cohesive forces are able to agglomerate powders and this phenomenon is 

accentuated if the temperature rises. When the particles size increases, the ratio 

between the weight of a single particle and the cohesive force acting on it increases, 

making the forces unable to stabilize the cohesion between powder particles. 

 

 

Figure `.[: Results of particles dimensional and geometric analysis in terms of axis major and 

aspect ratio for: powder L (a) and (c), powder H (b) and (d).  

Furthermore, the geometric analysis confirmed that particles belonging to powder 

H were significantly more spherical than powder L. Indeed, g_.\% of particles of 

powder H exhibited an aspect ratio from _ to _._, thus almost perfectly spherical, 

with respect to `.]% for powder L. By focusing on particles with the aspect ratio 

up to _.`, the percentage raise up to @@.g for powder H and only ]@.] in case of 

powder L. It is worth mentioning that a non-negligible number of powder L 
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particles, ].@% of the total, had an aspect ratio greater than g, meaning that almost 

`% of powder L was made of strongly elongated particles. Pre-heating treatments 

seems not to have affected the shape of powders, since only small differences 

occurred in the measurements, ascribable to experimental variance. 

Results of XRD phase analyses are reported in Figure `.g. On XRD spectra, Al is 

the main phase detected (ICDD:]-B@\@), but also minor peaks of silicon (ICDD:[@-

_]B[) and alumina could be recognized. In particular, the peak located at [`.]° is 

consistent with α-Al[Og phase (ICDD:]D-_[_[) [_[]. By focusing on the range 

between [B and gB° (Figure `.gb), it can be noticed that the α-Al[Og peak was 

detected neither in powder L nor H after the treatment at DB °C for g h, while it 

was found in the as-received powder and also after the drying treatment at [BB °C 

for _ h. Superficial oxidation is indeed a known issue concerning AM powders. In a 

recent study carried out on different materials [_g], XPS analyses showed the 

presence of a thin layer of oxide on the surface of powders in the as-received 

condition, even if produced with advanced technologies such as VIGA and plasma 

atomization. Given the tendency of aluminum to react with oxygen and to form 

aluminum oxide, as well as the high surface-to-volume ratio in the case of micron-

sized powder particles, it is reasonable that aluminum oxide was detected by XRD 

analyses. As widely reported in the literature, aluminum powder tends to naturally 

form a thin oxide layer even at low temperature, such as room temperature [_]–

_@]. However, the layer formed at room temperature is usually amorphous, thus it 

should not have been detected by XRD analyses as a well-defined peak. The 

amorphous layer, by increasing temperature, evolve in crystalline γ-Al[Og and later 

in α-Al[Og [_D,_@]. Therefore, the observed oxidation in the as-received condition 

is likely related to the high-temperature stages of gas atomization process. The 

growth of α-Al[Og is usually related to induced tension stresses that lead to the 

formation of porosity and cracks in the film [_D]. Moreover, experimental 

observation demonstrated that oxide can be wrinkled, thus presenting detachment 

at the solid/oxide interface [_\–[B]. After the heat treatment at DB °C for g h the 

peak of α-Al[Og phase disappeared. Basing on the above, it can be argued that the 

brittle and presumably cracked alumina surface layer experienced thermal shock 

that promoted spalling. It should be mentioned, in fact, that aluminum thermal 

expansion coefficient is considerably higher than those of aluminum oxide (_B 
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times higher in case of γ-Al[Og [_D]). The α-Al[Og phase was observed again after 

the heat treatment at [BB °C: it is possible that aluminum oxide still experienced 

thermal shock but the higher temperature promoted the formation of a new oxide 

layer or the oxidation of Al exposed as a consequence of spalling. This temperature 

can be sufficient to activate an oxidation process, in fact, literature data report the 

transition from amorphous to crystalline γ-Al[Og at about [BB °C [[_,[[]. In fact, 

by comparing the integrated diffraction intensity of the Al (___) peak located at 

g\.`° and the one of α-Al[Og (B_[) peak located at [`.]°, it can be argued that after 

the heat treatment aluminum oxide phase raised for both powders. The increase 

was more consistent in case of powder H, for which the Al[Og/Al ratio raised from 

B.Bg\ in the as-received condition to B.B`\ after the [BB °C for _ h treatment. The 

phenomenon is possibly related to the higher percentage of small and spherical 

particles in powder H. The raise for powder L, instead, was more limited, passing 

from Al[Og/Al=B.Bg_ to B.Bg@.  

 

Figure `.g: XRD spectra acquired for powder L and H in the as-received and pre-treated 

conditions: a) general view of the whole spectra, b) detail of the range [B°< [θ <gB°. 
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EFFECT OF LPBF PROCESS PARAMETERS 

Density and hardness of LPBF samples, as a function of laser power and 

scanning velocities, are reported in Figure `.], where both powders and pre-

treatment are also compared. Density of samples strictly depends on laser power: 

for powder H the relation between power and density was almost linear and, by 

increasing the power, the density of LPBF samples increased accordingly (Figure 

`.]a-b). Powder L, instead, presented a threshold value of __B W, since only in case 

of laser power beyond __B W, the density increased linearly with the power. It 

should be mentioned that, due to the low absorptivity of aluminum, most of the 

irradiance of the laser beam is reflected. However, the total efficiency of the 

process can be improved by the multiple scattering phenomena occurring among 

powder particles [[g], enhanced by spherical particles. The result can hence be 

related to the powder morphology discussed in the previous section. Samples 

obtained with powder H, being more spherical than powder L, always exhibited 

higher density, even for values of laser power lower than __B W, at which powder 

L exhibited the poorest density. It can be assumed that elongated particles, which 

are more numerous in powder L, negatively affected the multiple scattering 

between particles and did not actively contribute to improve the efficiency of the 

process, especially at low laser power.  

In addition, the greater flowability of powder H with respect to powder L (Table 

`.[), that is strongly related with the sphericity of particles [[]], has likely 

promoted the spreading of an even and compacted layer during the process, 

increasing density of final samples. This consideration agrees with the results 

obtained in relation to the higher density of the samples realized from powder H, 

compared to those printed with L. The influence of scanning velocity is evident in 

case of powder H where, for a given laser power, the lowest scanning velocity 

resulted in samples with maximum density. At high scanning velocities, indeed, 

spattering and denudation phenomena are accentuated [[`,[D], therefore it is 

probable that, for a given laser power, samples processed with the highest scanning 

velocity had a major content of porosities. Samples obtained from powder L, 

instead, were more influenced by powder pre-treatment than scanning velocity. 

More generally, in terms of density all H and L samples benefited from the powder 

heat-treatment carried out at DB °C. As discussed before, powders treated at [BB 
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°C are presumably covered by an oxide layer. Thus, in order to melt the powder 

particles higher power is necessary, with respect to the powder dried at DB °C, 

where the oxide layer is not present.  
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Figure `.]: Results of: a), b) density and c), d) hardness measurements as a function of laser 

power, scanning velocities and powder pre-treatment for sample produced with powders L and H 

respectively.  

As for density, also hardness of LPBF samples was strongly related to the applied 

laser power: by increasing the power the hardness increases, for both powder H 

and L (Figure `.]c,d). The lowest hardness measured was approx. `B-DB HB_B in 

case of low-density samples while, for samples with the highest density, a 

maximum of approx. _Bg and _B\ HB_B was obtained for powder L and H, 

respectively. It is worth mentioning that high-density LPBF as-built samples 

a 

b 

c 

d 
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reached hardness values comparable and even higher than the conventional 

AlSi@MgB.D heat-treated cast alloy [[@]. The result confirms that the LPBF process 

itself succeeds, in the reason of the fine and supersaturated resulting 

microstructure [[\], in obtaining a hardness comparable and even higher than the 

conventional heat-treated alloy.  

As high energy density can lead to metal vaporization, the chemical 

composition of LPBF samples was evaluated with GD-OES in case of samples 

processed with the highest energy density (Table `.]), that exhibited also the 

highest density. By comparing the results with the requirements for the 

AlSi@MgB.D alloy given by EN _@BD [[^] standard, it can be argued that chemical 

composition of samples obtained with powder H complies with the standard. On 

the other hand, the Mg content of powder L samples is slightly lower than the one 

required for the AlSi@MgB.D alloy.  

Table `.]: Chemical composition, measured by GD-OES, of samples produced with the highest 

volume energy density (P=_@BW, v=`BB mm/s, E=[][.^ J mm
-g

) for both L and H powder and 

pre-treatments.  

Powder Pre-Treatment 
Element (wt.%) 

Al Si  Mg  Ti  Fe  Zn  
L 60 °C x 3 h 92.445 6.842 0.429 0.103 0.071 0.072 

L 200 °C x 1 h 92.236 6.902 0.410  0.108 0.099 0.083 

H 60 °C x 3 h 92.397 6.687 0.565 0.150 0.085 0.069 

H 200 °C x 1 h 92.356 6.795 0.571 0.123 0.049 0.066 

 

Phase composition of LPBF samples, as measured by XRD analyses, is reported 

in Figure `.` for representative samples processed with a constant scanning speed 

of ^BB mm s
-_
 and a power of @B and _`B W and with powder subjected to the high 

temperature pre-treatment ([BB °C for _ h). In the spectra, regardless the type of 

powder, no trace of Al[Og was evidenced. The only appreciable phases were, in fact, 

Al and Si.   
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Figure `.`: XRD spectra for LPBF samples produced with powder L and H (pre-treated at [BB°C 

for _ h) with a scanning velocity of ^BB mm/s and laser power of @B and _`B W, in the as-built 

conditions. 

 

 

MICROSTRUCTURAL DEFECTS CHARACTERIZATION 

The maximum density obtained in the present study was still lower than the 

reference value for the conventional cast AlSi@MgB.D alloy, being [.D\ g cm
-g 

[[@].  

A maximum relative density of ^\% and ^^% was reached using powder L and H, 

respectively. Therefore, microstructural discontinuities were presumably present 

in the high-density samples. As a first assessment, the measurement of the total 

area occupied by porosities was performed via image analysis on metallographic 

cross-sections, whose results are reported in Table `.` and confirm that porosity 

percentage is higher for powder L. In addition, results showed that samples with 

the lowest porosity content were processed with the highest energy density (_@B 

W, `BB mm s
-_
) and adopting the DB °C heat-treatment for powders.  
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Table `.`: Results of image analysis measurements performed on metallographic cross-sections of 

LPBF samples 

Sample 
Powder 

Pre-
treatment 

Powder Porosity area on 
cross section [%] 

Presence of 
spatters in the 

inspected 
areas [%] 

Mean 
spatters 
diameter 

[µm] 
170 W-    

500 mm s
-1

 

60 °C x 3 h 
L 1.75 73.3 399 ± 112 

H 0.90 20.0 427 ± 75 

170 W-    

500 mm s
-1

 

200 °C x 1 h 
L 4.97 66.7 424 ± 112 

H 1.07 40.0 382 ± 98 

170 W-  

1200 mm s
-1

 

60 °C x 3 h 
L 2.05 80.0 247 ± 105 

H 2.30 40.0 382 ± 98 

170 W-  

1200 mm s
-1

 

200 °C x 1 h 
L 3.72 86.7 249 ± 121 

H 2.61 46.7 290 ± 50 

 

However, densities obtained via image analysis are lower than those measured 

following the Archimedes principle, so, a deeper investigation was carried out by 

comparing morphological and microstructural features. As evidenced on Figure 

`.D, on the cross-section of samples, large material discontinuities, with 

dimensions greater than [BB µm, were found (Figure `.Da,c). These discontinuities 

consisted of a round area with a coarser microstructure with respect of the regular 

microstructure that surrounded the defect, with a cavity lying beneath, possibly 

related to the spattering phenomena. As already reported by other researchers 

[gB], who investigated morphological aspects of Ag`@ alloy processed by LPBF, 

spattering, balling and un-melted powder particles can be found on the surfaces. 

Un-melted particles and spatters can be distinguished by their microstructure 

since cooling rates of powders are higher than spatters. In the present study, the 

majority of powders particles have been proved to be smaller than DB µm, so it is 

unlikely that these defects might be related to un-melted particles. In their work 

[gB], authors showed spatters with dimension greater than [BB µm with consistent 

gas porosity content.  

 



 CHAPTER 5 – LPBF OF ALSI7MG0.6 ALLOY, EXPERIMENTAL ANALYSES 

 183 

With the aim to correlate the defects observed on cross-sections with spatters 

generation, morphological and microstructural features were compared. As 

regards morphological features, gD maps of samples top surfaces were acquired 

with the gD digital microscope, for high-density samples processed with laser 

power _@B W and scanning velocity _[BB mm s
-_
 (Figure `.Db,d), that revealed the 

presence on the surfaces of large spatters with a maximum height of about [@B µm. 

Top surfaces were chosen for the analysis since they represent the last processed 

layer. On the metallographic cross-sections, a fixed number of zones were 

investigated on each sample and for every zone it was recorded the presence, or 

the absence, of spatters to determine the percentage of spatters identified on the 

cross-section. Furthermore, for each defect identified as spatter, the quantification 

of dimension was determined via image analysis. The results of the above described 

spatters analysis, also reported in Table `.`, demonstrated that a larger extent of 

such defects was found on samples obtained with powder L than powder H, by a 

factor of about two. In addition, by comparing the dimensions measured by image 

analysis with the morphological investigation in Figure `.Db,d, spatters were 

positively related to the microstructural defects detected on-cross sections. 

Spatters in the dimension of approximately [BB µm, that are generated during the 

LPBF process and consist of molten material ejected by the melt pool, can 

negatively affect the deposition and the melting of the subsequent layer, as 

illustrated by Wang et al. [g_], therefore they can generate microstructural defects. 

It is worth noting that, both in case of powder L and H, by increasing the scanning 

velocity the amount of spatters defects on cross-section increased accordingly, but 

their dimension decreased.   
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Figure `.D: Results of spatters analysis: a) and c) optical micrograph of sample cross-section 

showing a spatters defect for powder L and H respectively; b) and d) gD maps of top surfaces of a 

representative sample for powder L and H respectively. 

Spatter defects were finally analyzed with the aid of SEM-EDS: as disclosed in 

Figure `.@, spatters defects had high content of spherical gas porosities with 

dimension lower than _B µm. In the large cavity underlying the spatter, melted and 

semi-melted material can be found and the EDS analysis evidenced the presence 

of elevated concentrations of oxygen in the cavity (Spectra [,g,]) with respect to 

the reference material (Spectrum _).  

 

Figure `.@: Results of SEM-EDS analysis performed on a spatter defect detected on sample cross-

section 
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5.1.4 Conclusions 

Experiments have been carried out with the aim of investigating the effect of 

the powder conditions in terms of size, morphology and pre-treatment on the 

properties of the final LPBF samples. To this purpose, two different batches of 

AlSi@MgB.D gas atomized powder were characterized and compared. Density, 

hardness and microstructural defects of samples produced by LPBF have been 

analyzed with regard to the feedstock material. Based on the outcomes of the 

present work, the following conclusions can be drawn: 

• High energy density was necessary to reduce porosity and increase hardness 

in the processed samples. 

• For the same process parameters, powder with a higher percentage of 

spherical particles (as powder H) allowed to obtain samples with the 

highest densities, probably by reason of the enhanced flowability of the 

powder. 

• Powder drying pre-treatment, both at DB °C for g h and [BB °C for _ h, did 

not directly affect the morphology of particles but it probably promoted the 

aggregation phenomena of smaller particles and that facilitated the smaller 

powders to become satellites of the larger ones. 

• Powder pre-treated at DB °C resulted in samples with higher density and 

hardness if compared to the analogue ones obtained from powder pre-

treated at [BB °C. The result is presumably related to the presence of an 

aluminum oxide layer on the surface of powder pre-treated at the higher 

temperature, as evidenced by XRD analyses. 

• High scanning speeds promoted the formation of spattering, identified by 

the presence of large microstructural discontinuities; however, the average 

dimension of such discontinuities was greater in the case of low scanning 

speed. Spherical powders reduced the spattering phenomenon.  
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5.2 Heat treatment optimization 

 

This section contains selected parts of the pre-print of the currently 

unpublished paper “Role of direct aging and solution treatment on hardness, 

microstructure and residual stress of the A456 (AlSi6MgC.D) alloy produced by 

powder bed fusion” by L. Tonelli, E. Liverani, A. Morri and L. Ceschini.  

 

5.2.1 Aim and Scope 

 

The response to heat treatment for the LPBF AlSi@MgB.D alloy was investigated. 

Specifically, the present study was aimed at systematically studying the effect of 

different heat-treatments on microstructure, hardness and residual stress of the 

alloy produced with no platform pre-heating. Based on the state of the art 

discussed in Chapter ], two specific heat treatment conditions were considered: 

direct aging and a modified TD treatment. A short solution treatment (_B minutes), 

in particular, was chosen in order to limit microstructural coarsening and increase 

in the porosity content evidenced by previous literature works [g[–g]]. Aging 

curves at four different temperatures have been obtained starting from both as-

built and solution treated samples, with the aim to define the peak-aging 

treatment conditions for the direct aged and solution treated alloy. As residual 

stress represents one of the major concerns in the additively manufactured parts, 

in order to assess the effect of the investigated treatments on residual stress, results 

have also been compared to the stress relieving treatment. Raman spectroscopy 

was used to measure and compare residual stress. For comparison purposes, the 

same analyses were also carried out on the conventional sand cast AlSi@MgB.D 

alloy, in view of highlighting microstructural features peculiar of the additive 

process.   
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5.2.2 Experimental Procedure 

 

Following the work described in Section `._, samples were produced with the 

so-called powder H, pre-treated at DB °C for g h, and by setting process parameters 

reported in Table `.D. Blocks _Bx_Bx[B mm
g
 were fabricated with the SISMA 

MySint _BB RM metal gD printer on an aluminum platform without pre-heating 

and by adopting a perpendicular building direction, with respect to the platform. 

All samples were produced in a single batch in order to assure that were subjected 

to the same thermal cycle. After the building process, samples were stored at -[B 

°C to avoid undesired natural pre-aging [g`]. Conventional sand cast samples, 

investigated as a reference, were extracted from engine blocks. Chemical 

compositions of cast and LPBF samples were determined by Glow Discharge 

Optical Emission Spectroscopy (GDOES, GDA-D`B Spectrum Analytik GmbH). 

Results complied to requirements given by the EN _@BD [[^] standard for the 

AlSi@MgB.D alloy regardless different processing routes. 

 

Table `.D: Process parameters adopted for production of LPBF AlSi@MgB.D samples for heat 

treatment investigation 

Power 

[W] 

Layer 

thickness 

[mm] 

Hatch 

distance [mm] 

Scanning 

velocity [mm/s] 

Scanning 

pattern 

Shielding 

gas 

170 0.02 0.07 500 

3x3 mm  

roto-

translating 

chessboard 

N2 

 

The investigated heat treatment designations and conditions, in terms of 

temperature and holding time, are reported in Table `.@. In order to determine the 

peak-aging condition, LPBF alloy and conventionally sand cast alloy were 

subjected to artificial aging (AA) to obtain aging curves. Aging curves, indeed, 

display the evolution of hardness (HV_, [gD]) as a function of holding time at the 
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specific temperature, and the peak-aging is represented by the time-temperature 

conditions resulting in the highest hardness. Before artificial aging, cast samples 

underwent the conventional long-term (_[ h) solution treatment (ST), followed by 

quenching in water at DB °C (WQ). LPBF samples were instead subjected to 

artificial aging both in the as-built state and after a short-term (_B min) ST followed 

by WQ. Four aging temperatures were investigated: _`B, _@B, _^B and [_B °C for a 

total holding time of [\ h. Cast and LPBF samples that underwent ST+WQ+AA are 

identified as TD, while LPBF samples that were submitted to direct artificial aging 

in the as-built condition are identified by AA. Stress relieving (SR) treatment 

usually applied to aluminum LPBF parts was also performed at three different 

temperatures (_BB, [BB and gBB °C) for a fixed time of [ h. SR samples were 

employed as a reference for the assessment of residual stress relief. 

 

Table `.@: Designations and conditions of investigated heat treatments  

Samples 

Stress Relieving 
(SR) 

Solution Treatment 
(ST) Quenching 

(WQ) 

Artificial Aging 
(AA) 

T [°C] t [h] T [°C] t [h] T [°C] t [h] 

Cast T6 - 540 12 

Warm 

water 

(60°C) 

150 

170 

190 

210 

0 - 28 

LPBF T6 - 540 0.17 

Warm 

water 

(60°C) 

150 

170 

190 

210 

0 - 28 

LPBF AA - - - 

150 

170 

190 

210 

0 – 28 

LPBF SR 
100 

200 

300 

2 - - - - 

 

Samples were subjected to microstructural characterization by means of Optical 

(OM, Reichert MEFg), Scanning Electron (SEM, Zeiss Evo `B), and Field Emission 
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Gun Scanning Electron (FEG-SEM, Tescan Mirag) microscopes, both equipped 

with Energy Dispersive X-ray Spectroscopy (EDS). Before the analyses, samples 

were polished up to _ µm polycrystalline diamond suspension and etched with [B 

s immersion in Keller’s reagent ([.` mL HNOg, _.` mL HCl, _.B mL HF and ^` mL 

distilled water). Residual stress was evaluated by measuring the shift of the Si peak 

obtained by µRaman spectroscopy on polished surfaces, as already proposed by 

other researchers for the same alloy [g],g@] and as commonly used for Si-based 

products [g\–]B]. At least five spectra per condition were randomly acquired; each 

spectrum consisted of _B accumulations with _B s dwell time at ambient condition. 

Spectra were recorded by means of a Renishaw InVia micro-spectrometer 

equipped with a Leica DMLM microscope using a `B mW Ar
+ 

laser source 

(wavelength: `_].` nm). Thermal analyses were carried out using a differential 

thermal analyzer (DTA, Rheometric Scientific STA _`BB) on LPBF as-built, LPBF 

ST+WQ and cast ST+WQ samples. Specimens of about gB mg mass were heated in 

the temperature range gB-``B °C with a heating rate of _` °C min 
-_
 under Ar 

atmosphere. DTA curves were then elaborated with RSI Orchestrator software to 

determine the onset and peak temperatures. Phase composition was determined 

by X-ray diffraction (XRD, PANalytical Expert PRO with Xcelerator detector) with 

CuKα (λ = B._`]BD nm) radiation. θ - [θ scans were carried out in the range [B-

^B° with B.B_@° step size and _B s dwell time. XRD spectra were then processed 

with the Xpert Highscore Plus software for phase identification and peak analysis.  

 

5.2.3 Results and Discussion 

 

AGING RESPONSE 

Aging curves, obtained by measuring the hardness evolution as a function of 

holding time at the different aging temperatures, are reported in Figure `.\. In case 

of direct artificial aging (Figure `.\a), all the investigated temperatures up to g h 

soaking time induced strengthening in the LPBF as-built alloy. Peak-aging 

condition was found at _@B °C x _ h, producing a _@% increase in hardness if 

compared to the as-built condition (from __@ HV_ to _gD HV_). For longer holding 
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time, higher temperatures (in the range _@B-[_B °C) induced softening of the alloy, 

probably due to overaging caused by coarsening, while at the lowest temperature 

(_`B °C) a second hardness peak was found. However, since it corresponds to [] h 

soaking time, in view of preserving time and cost-efficiency of the whole process, 

this condition was no further investigated. Nevertheless, it is worth mentioning 

that this a valuable result in case of long-term LPBF process carried out on pre-

heated platform at the usual temperature of _`B °C. Aging curves of the LPBF and 

cast alloy subjected to ST+WQ are reported in Figure `.\b,c. After ST+WQ the 

hardness of LPBF alloy dropped to \[ HV_, comparable to the ST+WQ cast alloy, 

and it was more sensitive to aging treatment (Figure `.\b). The highest tested 

temperature ([_B °C) led to a substantial hardness loss, while a short treatment 

(about [ h) at _^B °C induced a limited hardness increase (from \[ to _[B HV_). A 

more significant strengthening was instead obtained with aging at _`B and _@B °C, 

with an outstanding DB% increase in hardness (_gB HV_) in the peak aging 

condition found for ] h at _`B °C. In case of conventional cast alloy (Figure `.\c) 

the most favorable peak aging condition was found with heating at _^B °C x ] h, 

that led to a ]D% increase in hardness compared to ST+WQ condition (from \BHV_ 

to __@ HV_). This condition indeed returned a hardness value comparable to the 

aging condition advised by ASTM B^_@ (_@B °C x _B-_[ h), but with a much shorter 

treatment time.   

As concerns the effect of stress relief treatment on hardness, it should be noticed 

that stress-relieving at _BB °C (SR_BB) did not affect the hardness of the as-built 

alloy (__@ HV_). The medium temperature (SR[BB) treatment slightly increased the 

hardness up to _[B HV_, as also confirmed by the [_B °C aging curve (Figure `.\a). 

High temperature stress relieving (SRgBB), instead, caused a significant hardness 

drop to approximately \] HV_, comparable to the solution treated and quenched 

cast and LPBF alloys.  
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Figure `.\: Aging curves for: a) as-built LPBF, b) ST+WQ LPBF, c) ST+WQ cast AlSi@MgB.D alloy. 

 

Thermal analyses (DTA) were carried out to investigate the reason behind the 

different response to aging treatment displayed by aging curves. DTA curves 

obtained for the LPBF as-built alloy, the LPBF alloy solution treated and water 
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quenched (ST+WQ) and the cast alloy solution treated and water quenched 

(ST+WQ) are compared in Figure `.^. Five exothermic peaks, identified by letters 

A, B, C, D and E, could be detected on the investigated samples, with the only 

exception of LPBF ST+WQ alloy for which peak A was not clearly identifiable.  

 

 

 

Figure `.^: DTA analyses of: a) Cast ST+WQ; b) LPBF as-built; c) LPBF ST+WQ samples. Letters 

A, B, C, D and E identify exothermic peaks. 

 

Exothermic peaks correspond to the phase precipitations and transformations 

occurring in the range ̂ B-]`B °C. Most of the literature regarding the conventional 

cast alloy []_–]]] fixes the formation of GP zones at about _BB °C, thus 

corresponding to peak A. However, the attribution of the remaining peaks is quite 

debated in the literature. Several authors []_–]g] agree in the attribution of the 

peak at about [BB-[`B °C (peak C) to the precipitation of β′′ coherent and 

strengthening phase, while peak D may correspond to both the β′′ to β′ 

transformation and the precipitation of Si, and peak E to the final transformation 

into the equilibrium incoherent β (Mg[Si) phase. It should be noticed that none of 

the aforementioned references evidenced a peak in the range of _`B °C (termed B 
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in Figure `.^) that has indeed been found on DTA curves of all investigated 

samples.  According to []]], who still investigated AlSi@Mg cast alloys, the 

precipitation of β’’ is anticipated at about _`B °C and peak in the range of [[B-[`B 

°C (C) is attributed to the precipitation of β′, while the following peak (D) to the 

precipitation of Si. In the case of the LPBF AlSi@MgB.D alloy, Casati and Vedani 

[g[] associated peak C to the β′′ phase, peak D to β′ and the last one located close 

to g`B °C (E) to the Si precipitation. Moving to the LPBF AlSi_BMg alloy, that 

follows the same precipitation path of the AlSi@Mg alloy, Marola et al. []`] 

attributed the peak C to the precipitation of Si from the supersaturated solid 

solution, and the peak D to the precipitation of Mg[Si. For the same alloy, instead, 

Fiocchi et al. []D] identified the peak C as Mg[Si precipitation and the following 

peak D to the Si precipitation.  

It is worth noticing that in the present investigation peak C prevailed for all 

samples and the area under that peak, that corresponds to the enthalpy of the 

transformation, in case of LPBF as-built sample is much higher if compared to 

solution-treated samples (^[.^ J g
-_
 for LPBF as-built, [].] and D.` J g

-_
 for Cast 

ST+WQ and LPBF ST+WQ respectively). Moreover, it should be noticed that all 

peaks, unless A and B, in the LPBF as-built alloy are moved to lower temperatures 

with respect to both cast ad LPBF solution-treated alloy. Based on supersaturation 

of the LPBF alloy (Si solubility is extended up to `.]% [g]]) and on the work carried 

out by Rao et al. []@], it is plausible that peak C is rather related to the precipitation 

of Si from the solid solution than precipitation of precipitation of β′ or β′′ phases. 

This assumption will be also supported by microstructural analyses reported later 

in this section.  

XRD spectra showing phase composition of the AlSi@MgB.D alloy in the 

investigated conditions are reported in Figure `._B. Major peaks identified for all 

spectra belong to Al (ICDD: ]-B@\@) and Si (ICDD: [@-_]B[) phases. It should be 

noticed that in case of cast samples a preferred crystallographic orientation was 

evidenced by the prevalence of Al ([BB) at ]].@° and Al ([[[) at \[.]° peaks. As-

cast samples were extracted from a sand cast engine block, this is presumably 

related to the specific region of samples extraction. In view of this, for the sake of 

a proper comparison, the XRD spectra were acquired on cast samples extracted 

from the same region of the engine block. A detail of the most intense Si peak, Si 
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(___), is given in the inset: in LPBF as-built and direct aged (AA) samples the peak 

was almost negligible while after solution treatment, as well as in cast samples, was 

well defined, suggesting the occurrence of Si precipitation during solution 

treatment.  Low peaks in the range of g` - ]B° can be possibly attributed to Mg`SiD 

phase (ICDD: _-B\\-_[B@), Al\Fe[Si intermetallic phase (ICDD: [B-BBgB), and 

Mg[Si (ICDD: g`-B@@g). In case of Mg[Si, the peak located at approximately ]B° 

was chosen to compare the occurrence of precipitation among samples. For the 

LPBF alloy, the peaks corresponding to Mg[Si and Fe-based intermetallics became 

appreciable only after solution treatment, while the peak attributed to Mg`SiD was 

much less prominent in the cast alloy, especially after TD treatment. However, the 

presence of such peak, attributed to the β′′ (Mg`SiD) phase, is independent from 

heat-treatments condition and thus it seems mainly related to the LPBF process 

and, for this reason, it was not further investigated in the present work. As regards 

Fe-based intermetallics, literature results showed, indeed, that coarsening of 

intermetallic particles might occur even after a short (_-[ h) solution treatment. 

Intermetallic compound (presumably β-Al`FeSi) became visible as acicular 

particles at both optical and scanning electron analyses [g[,gg].  However, 

metallographic analyses carried out in the present work did not evidenced the 

presence of Fe-based compounds, possibly as a consequence of the very short 

solution treatment that hindered intermetallic coarsening.  

 

Figure `._B: XRD analyses of as-built, ST+WQ and TD peak-aged alloys: global view and details of 

lower peaks in the range [@-gB°, gg.`-gD.`°, g^-]_.`°.  
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Al lattice parameter was calculated from XRD spectra and displayed as a 

function of lattice planes in Figure `.__. The reference value for the lattice 

parameter of Al is ].B]^] Å (ICDD: ]-B@\@). LPBF samples in as-built and 

artificially aged conditions exhibited significantly lower lattice parameters, quite 

stable for all lattice planes. Cast and LPBF samples in TD and ST+WQ state, instead, 

displayed comparable lattice parameters that increased to values close to the 

nominal one. Since the atomic radius of Si is lower than the one of Al, a shrink 

aluminum lattice implies that a large part of Si is retained in the solid solution in 

the LPBF as-built alloy. Results also suggest that some of the retained Si was 

released after the direct aging treatment and it was almost completely ejected after 

solution treatment and quenching. Similar results for the Al-Si-Mg alloys produced 

by LPBF were also reported by other authors []`,]\]. In particular, according to 

Rao et al. []\], Si super-solubility is strictly related to the crystallographic-

dependent residual strain in the Al matrix, thus a possible way to reduce the strain 

is to induce the precipitation of Si-rich particles.  

 

Figure `.__: Lattice parameter calculated for the aluminum phase from XRD spectra, as a function 

of lattice planes.  

RESIDUAL STRESS 

Residual stress was evaluated by the characterization of the frequency of Si as 

measured via Raman analyses, as unstressed Si displays a Raman frequency at `[B 

cm
-_
 []^–`_]. Mechanical stress can shift the peak to lower values (in case of tensile 

stress) and higher values (in case of compressive stress) [`[], therefore Raman 
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spectroscopy is commonly used to determine internal residual stress in different 

Si-based components [g\–]B].  

Raman spectra were collected for cast and LPBF heat-treated samples and were 

compared to the LPBF as-built condition and to the reference value of unstressed 

Si (Table `.\). In the LPBF as-built alloy, Si-peak is located to a significant lower 

value (approximately `_[ cm
-_
) than reference, suggesting an internal tensile stress 

state. As regards stress-relieving (SR) treatments, results showed that the SR 

performed at _BB°C (SR _BB) did not affect the internal stress state while SR [BB 

and SR gBB succeeded in relieving some of the residual stress, since the Si-peak 

increased up to about `_\ cm
-_
. As regards strengthening treatments, direct aging 

of the LPBF as-built alloy had a little effect on reducing tensile stress, hence, a 

longer soaking time was taken under consideration. According to _@B °C aging 

curve (Figure `.\) the peak hardness was maintained even for longer treatment, 

therefore, with the aim to induce a more significant relieving of internal stress, 

artificial aging treatment at _@B °C x ] h was performed. However, both AA 

treatments resulted in a comparable value of Raman frequency of Si, settled at 

about `_` cm
-_
, suggesting that temperature more than time has a significant effect 

in stress relieving. Conversely, ST+WQ treatments succeeded to completely release 

the internal tensile stress since the measured shift of the Si is about `[_ cm
-_
. This 

outcome was disclosed for both LPBF and conventional cast alloy. Finally, the 

complete TD treatment for the LPBF alloy produced a complete relaxation of 

internal stress since the Si-peak is comparable to the unstressed reference value of 

`[B cm
-_
.   
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Table `.\: Average Raman shift of the Si-peak measured for all investigated samples, compared 

with reference value for unstressed Si [gD–g\]. 

Sample Condition 
Si Raman Shift 

[cm-1] 

LPBF as-built as-built 512.2 ± 0.9 

LPBF SR 100 SR (100°C x 120 min) 511.9 ± 0.8 

LPBF SR 200 SR (200°C x 120 min) 517.3 ± 0.9 

LPBF SR 300 SR (300°C x 120 min) 518.3 ± 0.1 

LPBF ST+WQ ST (540°C x 10 min) +WQ 521.2 ± 1.5 

LPBF T6 (peak-aged) ST+WQ+AA (150°C x 4 h) 520.5 ± 0.8 

LPBF AA (peak-aged) 
AA (170°C x 1h) 515.1 ± 0.1 

AA (170°C x 4h) 514.1 ± 0.9 

Cast ST+WQ ST (540°C x 720 min) +WQ 520.8 ± 0.9 

Cast T6 (peak-aged) ST+WQ+AA (190°C x 4 h) 517.8 ± 2.3 

Reference  520 

 

 

MICROSTRUCTURE 

Metallographic analyses of the LPBF alloys are reported in Figure `._[, where 

stress relieved (SR gBB) and solution treated (ST+WQ) microstructures are 

compared to the as-built one. As reported in the [`g,`]], the as-built sample is 

dominated by a hierarchical microstructure that comprised a layered structure due 

to subsequent solidified melt pools, resolved at low magnification optical analyses 

(Figure `._[a), and a cellular sub-structure inside melt pools that can be 

appreciated only at higher magnifications (Figure `._[b). Such cellular structure is 

composed by a fine and continuous network of eutectic Si surrounding the Al-α 

phase (Figure `._[c). During the extremely rapid solidification imposed by LPBF, 

epitaxial growth of the primary Al-α phase occurs and, as a consequence, columnar 
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grains crossing-over layers can be appreciated in the high magnification optical 

analyses (Figure `._[b). After SRgBB treatment, coarsening of the microstructure 

occurred, even if the layered structure and melt pools border could still be 

appreciated by optical analyses (Figure `._[d,e). SEM microscopy (Figure `._[f) 

revealed an interrupted Si network and the coalescence of small globular Si 

particles. The brief exposure (_B minutes) at solution temperature (`]B°C) resulted 

in a significant modification of the microstructure. Melt pool borders were no 

longer appreciable (Figure `._[g,h), the fine Si-rich network broke-up and very 

fine, for the most sub-micron sized, globular particles were formed (Figure `._[i).  
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Figure `._[: Metallographic analyses on LPBF as-built (a-c), SR gBB (d-f) and ST+WQ (g-h) 

samples  

FEG-SEM EDS maps (Figure `._g) were performed to evaluate the distribution 

of the alloy elements in the in the as-built samples and after solution treatment. 

Results confirmed that in the as-built state Si was retained in the supersaturated 
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solid solution and, after solution treatment, Si segregated into the above-

mentioned globular particles. 

 

Figure `._g: FEG-SEM EDS maps of as-built (a) and ST+WQ (e) LPBF samples showing 

concentration of: b) and f) aluminum; c) and g) silicon; d) and h) magnesium.   

 

5.2.4 Conclusions 

 

The present work was focused at assessing the role of heat treatment on 

microstructure, hardness and residual stress of the AlSi@MgB.D alloy produced by 

laser powder bed fusion (LPBF). Stress relieving, direct aging and complete 

modified TD treatment were investigated and, as a reference, also the conventional 

sand-cast alloy was considered. Based on the results, the following conclusions can 

be drawn: 

• Stress relieving treatment applied to the LPBF as-built alloy produced a 

drop in the hardness value and was not sufficient to completely release 

residual stress. 

• Direct aging of LPBF as-built alloy resulted in strengthening the alloy and 

also succeeded in a partial relief of internal stress. 

• The optimized TD treatment (solution treatment at `]B °C for _B min + 

aging at _`B °C for ] h) was able to return hardness values comparable to 
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the direct aging treatment but it succeeded also in completely relieving 

internal stress. 

• With respect to the conventional sand-cast TD alloy, both treatments 

resulted in higher hardness values in the peak-aging condition.  

• Microstructural results suggested that, in the reason of the supersaturated 

solid solution derived from the LPBF process, different precipitation 

phenomena were involved in case of direct aging and TD treatments of the 

LPBF alloy. Direct aging induced partial precipitation of Si from the Al 

matrix while after solution treatment most part of Si segregated into fine 

globular particles. In TD alloy, strengthening was induced by second phases 

precipitated during aging.  

 

5.3 Assessment of tensile properties in the peak-aged 

condition 

 

5.3.1 Aim and scope 

As a final analysis of the heat treatment response of the LPBF AlSi@MgB.D alloy, 

tensile tests were carried out on the as-built and heat-treated conditions.  The aim 

was to compare tensile properties of the as-built material with the optimized peak-

aged conditions (AA and TD), as resulted from Section `.[. Prior to the fabrication 

of samples for tensile tests, LPBF process parameters were further optimized in 

order to obtain a relative density higher than ^^.`%. Fracture surfaces were then 

characterized by means of FEG-SEM and the discussion of the fracture behavior 

was also supported by a full microstructural characterization of tensile samples.  

 

5.3.2 Experimental procedure 

Tensile samples were built on an aluminum platform without pre-heating using 

the SISMA MySint _BB RM metal gD printer and adopting the parameters reported 

in Table `.\, that were able to optimize samples density up to ^^.`%. Gas atomized 
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AlSi@MgB.D powder, fully characterized in Section `._ and identified as powder H, 

was used after the pre-treatment carried out at DB °C x g h in a muffle furnace in 

ambient atmosphere. A unique vertical building direction, thus perpendicular to 

the building platform, was chosen in order to assess the mechanical behavior of 

the direction characterized by the lowest mechanical properties in the reason of 

the anisotropy induced by LPBF process, as widely reported by literature data 

[gg,``,`D]. In this view, data obtained in this study will presumably represent the 

minimum threshold value for the as-built, AA and TD-treated alloy.  

 

Table `.\: Process parameters adopted for production of LPBF AlSi@MgB.D tensile samples  

Power 

[W] 

Layer 

thickness 

[mm] 

Hatch 

distance [mm] 

Scanning 

velocity [mm/s] 

Scanning 

pattern 

Shielding 

gas 

175 0.02 0.08 500 

3x3 mm  

roto-

translating 

chessboard 

N2 

 

Round cross-section tensile specimens (` mm diameter) with a parallel length of 

[\ mm and an original gauge length of [` mm were machined from LPBF near-

net-shape samples, as shown in Figure `._]. Tests were conducted at room 

temperature following the EN ISO D\^[ standard [`@]. Tensile tests were 

performed on a screw tensile testing machine, equipped with a resistance furnace, 

a [B-kN load cell and a clip-on extensometer. Tests were conducted in 

displacement control mode, with a crosshead speed of B.BB@ mm s
-_
 according to 

ASTM E\ [`\]. 

Heat treatment conditions applied to tensile samples are synthetized in Table 

`.^ and, based on the findings discussed in Section `.[; only peak-aged conditions 

were considered. Hardness was also evaluated for all tested conditions via Brinell 

(HB_B [D]) measurements.  
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a b c 

Figure `._]: AlSi@MgB.D samples for tensile tests: a) as-fabricated via LPBF, b) machined, c) 

geometry and dimensions 

 

Table `.^: Designations and conditions of heat treatments applied to tensile samples  

 

Samples 

Solution Treatment 
(ST) Quenching 

(WQ) 

Artificial Aging 
(AA) 

T [°C] t [h] T [°C] t [h] 

As-built - - - - - 

T6 540 0.17 

Warm 

water 

(60°C) 

150 4 

AA - - 170 1 

 

After tensile tests, fracture surfaces were analyzed by means of FEG-SEM 

(Tescan Mira g) microscope to highlight fracture behavior. Microstructural 

analyses were also carried out on sections extracted from the grip region of tensile 
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samples. Sections underwent standard metallographic preparation up to chemical 

etching with Keller’s reagent, as already reported in Sections g._.[ and g.[.[. 

Microstructural analyses were performed via optical (Reichert MEFg) and FEG-

SEM (Tescan Mira g) microscopes.  

 

5.3.3 Results and discussion 

Results of tensile tests and hardness value are compared in Figure `._` while 

representative high and low magnification of fracture surfaces can be seen in 

Figure `._D. The as-built LPBF alloy exhibited RpB.[=[_D±` MPa and, with reference 

to the literature results reported in Chapter ] (Table ].^), this value is comparable 

to samples fabricated in similar conditions (vertical building direction and no 

platform pre-heating), but it is about gB % lower compared to literature results on 

sample built with platform pre-heating (_BB-_`B °C), who reported value up to 

approximately [\B MPa. Based on literature review and experimental results 

discussed in the previous section, it is possible that samples built with platform 

pre-heating experienced artificial aging, that may justify the difference with 

respect to no-preheating condition here discussed. Similar considerations can be 

valid also for ultimate tensile strength that, for the present work, was set at 

Rm=g^]±D MPa. Elongation was `.[±B.@ and, considering standard deviation, it is 

comparable to the literature results obtained in similar conditions.  

Direct aging (AA at _@B °C for _ h) of the alloy increased both RpB.[ and Rm, that 

reached the highest values, [@]±] MPa and ][[±_B MPa respectively, without a 

significant reduction in ductility (A%=].D±_.[). Based on the results discussed in 

the previous section, it is plausible that the increase in strength of the alloy is 

related to the precipitation of nanometric Si particles that contribute to hinder 

dislocation movements. It is worth mentioning that mechanical properties in AA 

condition are comparable to the literature data obtained for vertical samples built 

with and without platform pre-heating.  

The optimized TD treatment (solution treatment at `]B °C for _ h + water 

quenching + aging at _`B °C for ] h) increased both RpB.[ ([]^±\ MPa) and A% 

(^.@±_.^), with respect to the as-built alloy. On the other hand, it exhibited the 

lowest Rm (gg@±[ MPa). By comparing with the literature work of Pereira et al. [`D] 
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who still performed a TD treatment optimized on the peculiar AM microstructure, 

thus comprising of a short solution treatment (B.[` h at `]B °C), both yield and 

ultimate tensile strength are slightly higher, the increase was _D% and `%, 

respectively.  

 

Figure `._`: Results of tensile tests performed on the as-built and heat-treated LPBF AlSi@MgB.D 

alloy in terms of proof stress (RpB.[), ultimate tensile strength (Rm), and elongation (A%).  Average 

hardness values (HB_B) are also reported.  

 

Fracture surfaces were analyzed via electron microscopy with the aim to identify 

the fracture mechanisms that led to samples failure (Figure `._D). From low 

magnifications micrographs (Figures `._Da,b,c) a few porosity defects can be 

identified on surfaces (highlighted by white arrows) that have presumably affected 

the ultimate tensile strength of samples. In fact, in case of heat treatable Al alloys 

ultimate strength and elongation are remarkably influenced by defects while yield 

strength is substantially unaffected by the presence of porosity, as reported by 

[g`,`^]. All tested conditions exhibited a ductile fracture mode, as confirmed by 

high magnification analyses (Figures `._Dd-i) in which very fine dimples can be 

recognized. Dimples denote a ductile fracture and are formed as a consequence of 

material yielding. They usually nucleate in correspondence of material 

discontinuities, like Si particles in TD samples. In fact, fractured Si particles were 

found inside dimples in the TD alloy (Figure `._Di). On the basis of flat surfaces of 

broken Si particles, it can be inferred that brittle fracture mechanism occurred for 
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them, as also observed by Trevisan et al. [DB]. Very small particles could be found 

also inside dimples of AA samples (Figure `._Dh), confirming that precipitation of 

Si from supersaturated solution, discussed in Section `.[, occurred. The finest 

dimples were observed for the as-built alloys and, as will be later discussed, this 

outcome is likely correlated to the finest cellular microstructure observed in this 

alloy condition. On fracture surface of as-built alloy, no evidence of particles inside 

dimples was found (Figure `._Dg), while cellular structure is still recognizable, as 

also observed by Casati and Vedani [g[]. The absence of microstructural 

inhomogeneities delayed dimples nucleation and hindered their growth, as also 

confirmed by the overall fine dimples dimension (approx. _ µm in case of as-built 

alloy). These outcomes are also supported by the previously discussed tensile 

results in which both as-built and AA samples showed greater ultimate tensile 

strength and hardening than TD samples.   

Microstructural analyses are reported in Figure `._@. With respect to the 

microstructural analyses discussed in Section `.[, it is worth noticing that the 

modification of process parameters did not result in a marked change in the 

microstructure. By comparison to the as-built alloy, AA preserved the structure 

formed by consequent solidified melt pool, indeed, as observed in the previous 

section, higher temperatures are needed in order to delete laser traces. However, 

at high magnification the cellular structure of AA samples appears less defined and 

coarser than as-built ones. In some regions it is also slightly fragmentated. Finally, 

the TD treatments deleted any trace of the manufacturing process and 

homogenized the microstructure, resulting in a fine distribution of globular Si 

particles in the aluminum matrix. In order to correlate microstructural features to 

mechanical behavior, further microstructural aimed at characterize shape, 

distribution and dimensions of Si network and Si particles, as well as average grains 

dimensions, are currently carried out. 
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As-built AA T6 
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Figure `._D: Fractographic micrographs of: a), d), g) as-built; b), e), h) AA; c), f), i) TD 

representative samples. White arrows in a), b), c) highlight defects on fracture surface. 

 

 



 CHAPTER 5 – LPBF OF ALSI7MG0.6 ALLOY, EXPERIMENTAL ANALYSES 

 207 

As-built AA T6 

   

a b c 

   

d e f 

Figure `._@: Microstructural analyses of: a) and d) as-built, b) and e) AA, c) and f) TD 

representative samples. 
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5.3.4 Conclusions 

The present work was aimed at characterizing the tensile properties of the 

AlSi@MgB.D LPBF alloy in the as-built, direct aged and TD heat-treated in the peak-

aging condition. Tensile results were discussed on the basis of both fractographic 

and microstructural analyses, and the following conclusions can be drawn: 

• As-built alloy exhibited a good compromise between mechanical strength 

and ductility. A further increase in the mechanical strength can be obtained 

after direct aging (_@B °C for _ h) with a little reduction in ductility.  

• TD optimized treatment (`]B °C for _B minutes + quenching and aging at 

_`B °C for ] h) results in homogenizing the microstructure and, with respect 

to the as-built alloy, it almost doubled the ductility and increased the yield 

stress. However, TD exhibited the lowest ultimate tensile strength. 

• All conditions exhibited a ductile fracture, with very fine dimples formed 

on fracture surfaces as a result of the very fine microstructure observed by 

metallographic characterization. The low ultimate strength showed by TD 

samples was confirmed by the presence of Si particles inside dimples, 

coarser than the ones observed on AA samples. 

• Further analyses are currently ongoing with the aim to better highlight the 

relation between microstructural features and mechanical response.  
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Chapter 6 

WIRE-AND-ARC ADDITIVE MANUFACTURING OF 
AUSTENITIC STAINLESS-STEELS 

A LITERATURE REVIEW 

 

 
6.1 Austenitic stainless-steels  

Stainless steels are Fe-Cr alloys with a low content of C (maximum ;.= wt.%) and 

a minimum nominal Cr content of ;; wt.% that, by formation of a stable protective 

oxide passivation film (Cr=OF), protects the steel from corrosion. At this purpose, 

the passivation film, if damaged, will quickly reform on the surface in some oxygen 

is present [;]. Stainless steels are classified as a function of their crystal structure 

at room temperature into: ferritic (bcc), martensitic (bct), austenitic (fcc), and 

duplex (containing two different structures). If they can be reinforced via 

precipitation hardening, they are referred to as PH stainless steels. According to 

the American Iron and Steel Institute (AISI) designation, they are classified on 

account of their chemical composition.  

On the basis of the Fe-Cr phase diagram (Figure Q.;a), the equilibrium phase at 

room temperature is ferrite. The austenite phase is limited to the so-called γ-loop 

at high temperature and for low percentage of Cr (below ;F wt.%). However, γ-loop 

can be extended with the addition of austenite stabilizers like C and mainly Ni 

(Figure Q.;a) up to the suppression of the γàα transformation and the retention of 

metastable γ phase to room temperature, as for austenitic stainless steel that 

contain between W and =X wt.% of Ni. C content, instead, has to be limited (usually 

between X.X= – X.XW wt.% and lower that X.XF wt.% for low carbon grades, such 

as FXZL and F;QL) in order to avoid the phenomenon of sensitization due to the 

precipitation of Cr-rich carbides (mainly (Fe,Cr)=FCQ) between \XX-WXX °C that 

leads to Cr-depleted zones near grain boundaries and exposes the alloy to localized 
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intergranular corrosion [;,=]. If possible, in order to reduces sensitization and 

increase corrosion resistant, a solution treatment at temperatures higher than ;;XX 

°C followed by a rapid cooling can be applied.   

 

  
a b 

Figure Q.;: Fe-Cr phase diagram (a); γ-loop extension as a function of Ni addition (b) [;,=] 

 

It should be also noticed that, as showed by the Fe-Cr diagram, there is another 

equilibrium phase, called σ-phase. The σ-phase is a hard and brittle intermetallic 

phase (FeCr with ;:; stoichiometric ratio) that precipitates from the ferrite phase 

during cooling and it is usually undesired in stainless steels because it reduces 

toughness and Cr content of the matrix. Its formation is quite sluggish and requires 

an extended permanence in the range \XX-aXX °C and a high Cr content (Z\-\X 

wt.%), thus it is an issue especially for ferritic and martensitic stainless-steels, but 

also for austenitic ones [;,=]. At temperature below Za\ °C, the ferrite phase 

separates into the Cr-enriched α’ brittle phase.   

Austenitic stainless steels have a fully γ-fcc crystal structure at room 

temperature, even if some δ-ferrite can be retained, and they belong to the AISI 

FXX (Cr-Ni) series. They have an overall Cr, Ni, Mn, Si content above =\ wt.%, 

along with Mo, Ti, N, Nb, and Cr generally higher than ;Q wt.%. The effects of the 

mentioned alloy elements are summarized in Table Q.;.  
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Table Q.;: Role of major alloy elements in austenitic stainless steels [;] 

Element Role 

Cr 

Responsible for corrosion resistance of the alloy (forms the protective Cr=OF 

oxide film) 

Tends to form M=FCQ carbides 

Helps stabilizing ferrite 

Ni Stabilizes austenite 

C 
Forms carbides (detrimental for corrosion resistance) 

Helps stabilizing austenite 

N 

Increase strength and pitting corrosion resistance if added in the range X.;-

X.=\wt.% 

Stabilizes austenite 

Si 
In concentration up to ;wt.% improves the fluidity of the molten metal and 

promotes deoxidation 

Mn 
Increases the solubility of N thus helps stabilizing austenite 

Forms with S stable manganese sulfides (MnS) 

Mo 

Improves pitting corrosion resistance 

Provides solid-solution strengthening  

Helps stabilizing ferrite 

Ti, Nb 

Form carbides 

Improve resistance to intergranular corrosion 

Helps stabilizing ferrite 

 

Austenitic stainless steels are paramagnetic and have a good corrosion and 

oxidation resistance up to Q\X °C.  In addition, they are characterized by good 

strength, excellent ductility and toughness even at low temperature, making them 

suitable for cryogenic applications. They cannot be strengthened by heat 
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treatment, but can be hardened via coldworking [;]. They are used in a wide range 

of applications, including pressure vessels, kitchen equipment, medical devices 

and constructions.  

 
 

6.2 Welding of austenitic stainless-steels 

Austenitic stainless steels are considered very weldable. It should be considered 

that they have a high thermal expansion coefficient, a low thermal conductivity, 

and a high electrical resistivity; all these aspects affect the weldability of these 

alloys. They can be welded with several techniques, including resistance processes, 

and require a lower heat input than carbon steels. However, precautions have to 

be taken in order to avoid distortions due to thermal expansion and sensitization. 

Fully austenite stainless steels are also susceptible to solidification and liquation 

cracking, to the extent that a small content of δ-ferrite (in the range \-;X wt.%) is 

desired in order to limit cracking tendency. The crack susceptibility of austenitic 

stainless steel as a function of the ratio between the equivalent content of Cr and 

Ni is reported in Figure Q.=.  This ratio, as it will be better discussed in the next 

section, is related to the amount of δ-ferrite and determines the solidification 

modes of the fusion zone.  

 

Figure Q.=: Solidification cracking susceptibility of stainless steels as a function of the ratio 

between the equivalent content of Cr and Ni [=] 
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If the fusion zone solidified as fully austenitic cracking might occur, thus a 

certain amount of δ-ferrite is usually preferred. The effect of δ-ferrite in 

solidification of the austenitic stainless steels fusion zones can be summarized as 

[;]: 

• The presence of δ-ferrite reduces solidification range of the alloy. 

• The coefficient of thermal expansion is lower for δ-ferrite than austenite, 

thus reducing tensile and compressive stress occurring during heating and 

cooling. 

• Impurities, like P and S, have a higher solubility in δ-ferrite than austenite, 

so impurities that can act as cracks initiators are reduced.  

• The difference in the interfacial energy between austenite and δ-ferrite 

prevents the formation of continuous liquid film due to segregation. 

• The two-phase microstructure inhibits crack propagation. 

• δ-ferrite is detrimental for corrosion resistance of the alloy as it generates 

Cr-depleted zones that can become susceptible for localize corrosion. 
 

Solidification modes of austenitic stainless steels welds are represented in 

Figure Q.F. 

 
 

a b 

Figure Q.F: Solidification modes in austenitic stainless steels: a) vertical section of ternary-phase 

diagram at approximately aX% Fe; b) relative morphologies [;]. 
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Austenitic stainless steels with a high Ni-content, with composition on the left 

of the three-phase eutectic L+γ+δ, solidifies with a fully austenite microstructure 

(Type A in Figure Q.Fb). With increasing Cr-content, moving to the right side of 

the phase diagram, solidification mode changes into austenite-ferrite (Type AF in 

Figure Q.Fb) with δ-ferrite formed in the latest stage of the primary austenite 

solidification in the interdendritic regions as a result of eutectic reaction. For 

composition after the three-phase eutectic region, δ-ferrite becomes the primary 

phase. In ferrite-austenite solidification (Type FA in Figure Q.Fb), δ-ferrite 

dendrites form at the beginning of the solidification, core of these dendrites is Cr-

rich while outer regions are depleted in Cr. When reaching the δ+γ region, the 

outer portion of the dendrites transforms in austenite, leaving behind δ-ferrite in 

form of skeleton in correspondence of dendrites core, termed vermicular ferrite. 

Lathy ferrite is still a result of the FA solidification mode, but δ-ferrite assume the 

shape of laths or needles. A mixed lathy and vermicular microstructure is often 

observed. In Type F, the solidification develops completely as δ-ferrite and the 

solid-state transformation into austenite occurs at lower temperatures in 

Windmanstätten-like sideplates along ferrite-ferrite grain boundaries. This 

solidification mode is seldom observed in austenitic stainless-steels, being much 

more common in duplex stainless steels [;,F].  

 

 

6.2.1 Prediction of ferrite content 

A number of empirical relationships and constitutional diagrams have been 

developed with the aim to predict the content of δ-ferrite on the basis of the 

equivalent content of Cr (Creq) and Ni (Nieq). Cr and Ni equivalency are calculated 

on the basis of specific relationships that consider ferrite and austenite stabilizer, 

respectively. Creq and Nieq values are then used to determine ferrite content 

according to the constitutional diagrams. The most widespread are: the Schaeffler, 

the DeLong and the Welding Research Council (WRC) diagrams.  
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SCHAEFFLER DIAGRAM 

Schaeffler diagram (Figure Q.Z) was developed in ;pZ= and it is based on the 

following formula [;]: 

 

Creq = %Cr + %Mo + (;.\ × %Si) + (X.\ × %Nb)  

Nieq= %Ni +( X.\ × %Mn) +(FX × %C)  

 

 

Figure Q.Z: Schaeffler diagram for the prediction of ferrite content and solidification structure [;] 

 

Schaeffler diagram returns the amount of δ-ferrite (vol.%), as well as 

solidification structure between martensite (M), ferrite (F), austenite (A) and 

multi-structures (M+F, F+M, A+M, A+F, A+M+F).  It includes a wide range of 

chemical composition and, in the diagram, the volume percent of ferrite was 

determined by metallographic analyses.   
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DELONG DIAGRAM 

DeLong et al. developed the diagram (Figure Q.\) in ;p\Q by reviewing the 

Schaeffler one and by including also nitrogen as austenite stabilizer. Cr and Ni 

equivalency are calculated as follows [;]: 

 

Creq= %Cr + %Mo + (;.\ × %Si) + (X.\ × %Nb)  

Nieq= %Ni + (X.\ × %Mn) + (FX × %C) + (FX × %N)  

 

 

Figure Q.\: DeLong diagram for the prediction of ferrite content and solidification structure [;] 

 

DeLong diagram still returns the amount of δ-ferrite (wt.%) and solidification 

structure between austenite, austenite plus ferrite, and austenite plus martensite. 

It also introduces the WRC ferrite number (FN), a standardized method to 

experimentally determine the amount of ferrite via magnetic measurements 

described in AWS AZ.=M and ISO W=Zp. Up to a ferrite content of approximately 

W vol.%, FN and ferrite percentage coincide while, for values below this threshold, 

the two values significantly diverge. As for the WRC diagram that follows, it 
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includes a narrowed range of chemical composition with respect to the Schaeffler 

diagram.  

 

WRC DIAGRAM 

WRC diagram represents the evolution of DeLong diagram, it was firstly 

developed in ;pWW and revised in ;pp=. Formula for the calculation of Creq and Nieq 

were expanded in order to include also the composition of many duplex steels and 

the contribution of Si and Mn was deleted from formula as follows [;]: 

 

Creq= %Cr + %Mo + (X.a × %Nb)  

Nieq= %Ni + (F\ × %C) + (=X × %N) + (X.=\ × %Cu) 

 

In Figure Q.Q is reported the ;pp= WRC diagram in which ferrite content is given 

only as a function of FN and the only solidification structures considered are: fully 

austenite, austenite-ferrite, ferrite-austenite and fully ferrite. This diagram was 

recognized as the most accurate to predict ferrite content in austenitic stainless 

steels.  

 

Figure Q.Q: WRC ;pp= diagram for the prediction of ferrite content and solidification structure in 

austenitic and duplex stainless steels [;] 
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6.3 WAAM of Stainless-steels 

Wire-and-arc Additive Manufacturing has been successfully applied to stainless 

steels, specifically to: austenitic stainless steels grade FXZL and mainly F;QL [Z–;;], 

martensitic stainless steel grade Z=X [;=,;F], precipitation-hardenable stainless 

steel ;a-Z and ;\-\ PH [;Z,;\], duplex stainless steels [;Q].  

Up to October =X=X, approximately QX papers have been indexed by the 

Scopus® database on the WAAM of stainless steels, all published between =X;a-

=X=X, demonstrating the growing interest on this topic. Most of literature works 

were focused on process optimization but few of them dealt with microstructure 

and process characterization, whose main results regarding austenitic stainless 

steel will be presented in the following sections.  

 
6.3.1 Metallurgy of WAAM austenitic stainless-steels 

Microstructure of WAAM austenitic stainless steels results from the continuous 

deposition of molten material that undergo rapid solidification and subsequent re-

heating due to the deposition of the subsequent layer. Consequently, it is strongly 

related to thermal cycles occurring during the whole deposition process. As for the 

experimental material discussed in the following Chapter, literature works focused 

on the characterization of plates obtained by subsequent deposition of continuous 

single layers of molten material. Due to the more basic deposition strategy with 

respect to LPBF, by retrieving the scheme reported in Chapter ; the hierarchical 

microstructure can be simplified as reported in Figure Q.a.  

   

a b c 

Figure Q.a: Schematic representation of the hierarchical microstructure WAAM plates: a) layers, 

b) epitaxial grains, c) fine sub-structure. 
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By observing the microstructure along the building direction, layers, epitaxial 

grains and columnar sub-structure inside grains can be defined. Typical 

semicircular melt pools can be found on transversal cross-section of plates, as will 

be showed in the following Chapter. 

Microstructural analyses evidenced that microstructure was composed by large 

columnar grains crossing-over layers directed along the building direction, 

evidenced by macrostructural analyses (Figure Q.Wa), and a finer columnar-

dendrite sub-structure within columnar grains. As reported in Figure Q.Wb, three 

main regions can be identified in each layer:  

• the bottom area adjacent to the layer boundary in which cellular structure 

ca be recognized;  

• the core of the layer in which microstructure develops as a fine columnar 

structure;  

• the top of the layer, adjacent to the upper one, in which microstructure turn 

into coarse columnar structure with secondary dendrites. 

For high energy input WAAM processes, like plasma arc welding (PAW), a 

transition in the grain morphology from columnar to equiaxed (CET) grains were 

evidenced as a function on increasing scanning speed, as a consequence of the G/R 

variation across the melt pool, as discussed in Chapter ; [;a].  

Works reported both γ-austenite as primary phase, type AF solidification mode 

[W] for and δ-ferrite as primary phase, type FA solidification mode [;W], according 

to the value of Ni and Cr equivalency for the specific alloy, AISI F;QL and FXZL 

respectively. Morphology of δ-ferrite was evidenced as skeletal, or vermicular, and 

lathy [;W,;p], but even Windmanstätten-like ferrite was evidenced in 

correspondence of the top region of the last deposited layer [;W]. 
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a b 

Figure Q.a: Microstructural analyses on WAAM austenitic stainless steels: a) columnar grains 

crossing-over layers; b) microstructure inside the layer [W,;W]. 

 

Epitaxial growth was evidenced by microstructural analyses performed along 

layer boundaries (Figure Q.W) and EBSD analyses (Figure Q.p). In particular, Wang 

et al. [W] and Gordon et al. [;p] reported a preferential orientation along the <XX;> 

and <=XX> crystallographic direction for grains oriented along the building 

direction, respectively.  

  

a b 

Figure Q.W: Microstructural analyses on interlayer region of WAAM austenitic stainless steels [;W] 

2 mm Top 

Bottom 
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a b 

Figure Q.p: EBSD analyses of WAAM austenitic stainless steels showing preferential texture along 

deposition direction: a) Wang et al. [W]; b) Gordon et al. [;p].  

 

Defects reported for the WAAM products are spattering and porosity, especially 

in case of GMAW as a consequence of the electric current acting directly on the 

wire feedstock. Furthermore, contamination of wire feedstock can be adsorbed 

into the melt pool causing porosity [;a].  Residual stress has been reported to cause 

warpage, distortion and cracking. In case of stainless steels, internal stress is also 

strongly related to the solid-state phase transformation occurring during repeated 

thermal cycles [;a].   

 

6.3.2 Mechanical properties WAAM austenitic stainless-
steel 

Many of the aforementioned experimental works performed uniaxial tensile 

tests on specimens extracted from WAAM austenitic stainless steel plates in the 

longitudinal (L, parallel to the deposited layers) and transversal directions (T, 

perpendicular to the deposited layers), whose results are summarized in Table Q.=. 

Anisotropy in mechanical response was found, mainly ascribable to the epitaxial 

growth, as also discussed in Chapter ; of the present dissertation. Difference in the 
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mechanical properties of longitudinal and transversal specimens was evidenced, 

especially if ultimate tensile strength is concerned. In GMAW processes, the 

longitudinal direction exhibited the higher ultimate tensile strength while in the 

GTAW transversal specimen was characterized by higher strength. It should be 

noticed that only one work reported the elastic modulus resulted from tensile tests 

on L and T directions and such value, between ;F= and ;Fp GPa, was considerably 

lower than the reference value for the wrought conventional austenitic stainless 

steel (=XX GPa [=X]). The correlations between microstructure and mechanical 

properties will be addressed in the following Chapter regarding experimental 

activities carried out on the WAAM FXZL austenitic stainless steel.   

 

Table Q.=: Mechanical properties reported in the literature for the WAAM austenitic stainless 

steels (grade FXZL and F;QL) as a function of samples extraction direction 

Alloy 
Process 

type 
Specimen 

orientation 
E 

[GPa] 
Rp0.2 

[MPa] 
UTS 

[MPa] 
A% 
[%] 

Reference 

316L 
SpeedArc L - 418 550  - [8] 

304L GMAW 
L 139 296 524 / 

[19] 
T 132 306 499 / 

 

GTAW 
L / 231 622 88 

[4] 
304L 

T / 235 678 57 

 

GMAW 
L / 356 612 / 

[21] 
304L 

T / 455 580 58 
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Chapter 7 

WIRE-AND-ARC ADDITIVE MANUFACTURING OF 
AISI 304L AUSTENITIC STAINLESS-STEELS 

EXPERIMENTAL ANALYSES 

 

 

Foreword 

The present Chapter synthetizes experimental activities carried out on AISI 

=>?L stainless steels plates produced by Wire-and-Arc Additive Manufacturing 

during the PhD course. Experimental analyses were aimed at characterizing 

microstructural and mechanical properties of WAAM plates, by underlining the 

relation between microstructural features and properties, also considering 

anisotropy. With reference to the state of the art discussed in the previous Chapter, 

the main novelty of the present work lies in the analyses of the direction at ?N° to 

the deposited layers and, more importantly, on the investigation of the evidenced 

anisotropic elastic behavior.  

 

Therefore, the work was focused on two main topics:  

• Mechanical and microstructural characterization of samples extracted from 

WAAM plates along three different orientations (longitudinal, transversal 

and diagonal with respect to the deposition layer).  

• Focus on the role of the preferred texture formed by the additive process in 

determining the elastic modulus. 
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The Chapter is mainly based on the following papers, which I have co—

authored: 

 

• “Tensile properties and microstructural features of 234L austenitic stainless 

steel produced by Wire-and-Arc Additive Manufacturing” by V. Laghi, M. 

Palermo, L. Tonelli, G. Gasparini, L. Ceschini and T. Trombetti published in 

The International Journal of Advanced Manufacturing Technology (vol. 

C3D(E-C3), pp. 2DE2-2H3I) and licensed by Springer Nature on September ZZ, 

Z>Z> (license number ?[\?=Z\?]??\N). 

•  “Influence of inter-layer cooling on microstructure and mechanical 

properties of wire arc additive manufactured 234L austenitic stainless steel” 

by L. Tonelli, R. Sola, V. Laghi, M. Palermo, T. Trombetti and L. Ceschini, 

pre-print currently unpublished. 

•  “Orthotropic elastic model for Wire-and-Arc Additively Manufactured 

stainless steel” by V. Laghi, L. Tonelli, M. Palermo, M. Bruggi, R. Sola, L. 

Ceschini and T. Trombetti, pre-print currently under review. 
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7.1 Mechanical and Microstructural characterization 

This section contains selected parts of the published paper: “Tensile properties 

and microstructural features of 234L austenitic stainless steel produced by Wire-

and-Arc Additive Manufacturing” (license number ?[\?=Z\?]??\N by Springer 

Nature). The published version of the paper can be accessed by the following link: 

https://doi.org/\>.\>>a/s>>\a>->\[->?]b]-]. 

 

 
 

This section contains also selected parts of the unpublished paper: “Influence of 

inter-layer cooling on microstructure and mechanical properties of wire arc additive 

manufactured 234L austenitic stainless steel”. 

 

7.1.1 Aim and scope 

Among the different metal =D printing strategies, Wire-and-Arc Additive 

Manufacturing (WAAM) technique allows high deposition rates, resulting to be 

more suitable to realize large-scale structural components and to guarantee lower 

costs compared to other AM techniques for metals [\–=]. Although much research 

effort has been devoted to assess Powder Based Fusion (PBF) and powder-based 

Direct Energy Deposition (DED) of metallic materials [?–b], nowadays there is 

limited amount of research work concerning the influence of WAAM process 

parameters on the metallic materials properties [a,]]. Among WAAM processed 

steels, the available literature reports limited data about maraging steel [[], ZCr\= 

martensitic stainless steel [\>], =\bL [\\–\=] and =>?L [\?–\b] austenitic stainless 
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steels, as well as ZZ>[ duplex stainless steel [\a]. These works suggested the 

presence of microstructural anisotropy induced by the process. However, very few 

studies emphasized the effect of the specific microstructural features induced by 

the process on mechanical behavior [],[]. In light of the above, the focus of the 

present work is to investigate the influence of elements orientation on the tensile 

properties of WAAM plates produced using a commercial austenitic ER =>]L Si 

wire, through both mechanical and microstructural characterization.  

 

7.1.2 Experimental procedure 

Specimens for the experimental tests were cut from plates (=]> x =]> x ? mm=) 

that have been realized at MX=D facilities [\]] by using GMAW-WAAM and a 

commercially available ER =>]L Si austenitic stainless steel wire, supplied by 

Oerlikon [\[]. A total of ten plates were provided, processed with the same process 

parameters (reported in Table a.\), but five of them were processed adopting an 

interlayer cooling system, consisting of a flow of compressed dry air, while the 

other five without any control of cooling, leading to uncontrolled cooling 

conditions. Active cooling is usually adopted to increase deposition rate [Z>]. An 

interlayer cooling strategy, in fact, limits the delay between successive depositions, 

necessary to promote heat dissipations and control the inter-layer temperature 

that, if too high, may lead to unstable melt pools. Actually, long idle time can lead 

to an unprofitable total production time and consequently limit the high 

depositions rates, which are one of the main features of this additive process. 

Consequently, analyses were also conducted to assess the effect of the active 

cooling on plates properties and microstructure. Hereafter, specimens processed 

with active cooling will be referred to as A (active cooling) specimens, while those 

without cooling system will be identified as U (uncontrolled cooling). 

In order to evaluate possible microstructural and mechanical anisotropy 

induced by the process, the tested specimens have been cut from the plates 

following three main orientations with respect to the deposition layer (according 

to the scheme reported in Figure a.\): (i) longitudinal (L), i.e. parallel to the 

deposition layer; transversal (T), i.e. perpendicular to the deposition layer; (iii) 

diagonal (D), i.e. at ?N° with reference to the deposition layer. 
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Table a.\: Process parameters for WAAM of plates (Courtesy of MX=D [\]]). 

Process parameters Details Value 

Deposition power 
Current 100 - 140 A 

Arc voltage 18 - 21 V 

Speed 

Welding speed 15 - 30 mm s-1 

Wire feed rate 4 - 8 m min-1 

Deposit rate 0.5 - 2 kg h-1 

Distance and angle 
Layer height 0.5 - 2 mm 

Electrode to layer angle 90° 

Wire 
Wire grade ER308LSi 

Wire diameter 1 mm 

Shielding gas 
Shield gas type 98% Ar, 2%CO2 

Shield gas flow rate 10-20 L min-1 

 
 

 

Figure a.\: Orientation of the tensile specimens cut from WAAM plates with respect to the 

deposition layer and scheme of extraction of the metallographic samples for the microstructural 

characterization 

Specimen for tensile tests were shaped according to ISO b][Z-\ [Z\] (Figure a.Z) 

and their surface was polished by mechanical milling, reducing the final thickness 

to an average value of Z.N to = mm, starting from the nominal ? mm thickness of 

the plates. The inherent as-printed surface would have indeed affected the proper 

determination of the cross-sectional area.  
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Figure a.Z: Geometry and dimensions (mm) of the flat tensile specimens according to ISO b][Z-\ 

[Z\] 

 

Images of the specimens before and after milling are shown in Figure a.=a,b. 

Surface topography images obtained by =D-Digital Microscopy (Hirox KH-aa>>), 

before and after polishing, are compared in Figure a.=c,d. As can be noticed from 

=D reconstructions, the as-printed surface is characterized by a consistent 

waviness, due to the layer-by-layer deposition strategy. After the milling process, 

the waviness was removed and the roughness significantly reduced, thus allowing 

to consider the surface substantially flat. The most significant surface roughness 

parameters of the polished specimen have been measured with stylus profilometry 

(Hommelwerke TZ>>, N µm tip radius) and resulted equal to Ra=>.N=±>.>b µm 

and Rz=N±>.\Z µm. 

 

Figure a.=: Tensile specimen cut from WAAM plates: (a) as-printed and (b) after milling; surface 

topography obtained with =D-Digital Microscopy of the specimen (c) as-printed and (b) after 

milling 
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Tensile tests have been performed according to ISO b][Z-\ [Z\] on a Universal 

testing machine of N>> kN load capacity. The specimens have been tested in 

displacement-control at a loading speed of Z MPa s-\. Two types of monitoring 

systems have been adopted: a linear deformometer of nominal dimension of N> 

mm, to detect the linear deformation of the specimens up to yielding, and an 

optical-based system referred to as Digital Image Correlation (DIC), to acquire the 

full strain field during the whole test until failure. Before testing, the dimensions 

of the specimens have been measured by means of a digital caliper, in order to 

obtain the true values of cross-sectional area. A total number of \> measures over 

the entire gauge length were measured and then averaged for each specimen. 

Elastic Modulus (E), >.Z% proof stress (Rp3.P), ultimate tensile strength (UTS) and 

elongation to failure (A%) were evaluated from the engineering stress-strain curves. 

After the tensile tests, specimens fracture surfaces were analysed both at low 

magnification by =D-digital microscopy and at higher magnification with SEM-

EDS to investigate the specific failure mechanisms. Standard Vickers 

microhardness HV>.\ (\>> g load and \N s dwell time) measurements were carried 

out in the interlayer regions of U and A metallographic samples according to the 

test method described in ISO bN>a standard [ZZ], with the aim to highlight local 

variations induced by the active cooling system.  

The chemical composition of WAAM plates has been checked by Glow 

Discharge Optical Emission Spectroscopy (GDOES: GDA-bN>, Spectruma Analytik 

GmbH, Hof, Germany), with a sputtered burnt spot of ? mm diameter. To relate 

the mechanical behavior with the specific microstructural features induced by the 

WAAM process, microstructure was investigated out by means of =D-Digital 

Microscopy (Hirox KH-aa>>), Reflected Light Optical Microscopy (RLOM) and 

Scanning Electron Microscopy (SEM) equipped with energy dispersive X-ray 

spectroscopy (EDS). Samples for microstructural characterization have been cut 

from grip regions of L, T and D tensile specimens, according to the scheme shown 

in Figure a.\. Samples were mounted in a phenolic resin, grounded with silicon 

carbide papers up to \Z>> grits and finally polished according to ASTM E= standard 

[Z=] up to \ µm polycrystalline diamond suspension to obtain a mirror finish. 

Chemical etching with Z> s immersion in the Vilella’s reagent (\ g picric acid, N mL 

hydrochloric acid and \>> mL ethanol [Z?]) was performed to highlight 
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microstructure. In addition, a specific colour etching was applied to highlight the 

presence of δ-ferrite phase, following the procedure described in [ZN]. 

 

7.1.3 Results and Discussion 

 

COMPOSITION AND MICROSTRUCTURE 

GD-OES compositional analysis was performed on A and U printed plates and 

results are reported in Table a.Z, where the composition of the feedstock wire is 

reported as well. Since type ER =>]LSi is the common filler wire used in the 

conventional welding processes of austenitic stainless steel =>?L, results of WAAM 

plates were also compared to the =>?L (UNS-S-=>?>=), whose chemical 

composition is still reported for an easy reference in Table a.Z. From the 

comparison, it can be inferred that the composition of WAAM samples meets the 

requirements of UNS-S-=>?>= for an AISI =>?L chromium-nickel austenitic 

stainless steel. So, hereafter all results on the WAAM samples will be compared to 

the properties of =>?L stainless steel. 

Table a.Z: Results of the GD-OES composition analyses (wt.%) performed on the WAAM samples 

compared to the nominal chemical composition of the wire (given by the supplier) and =>?L 

(UNS-S-=>?>=) austenitic stainless steels according to ASTM AZab [Zb] respectively. 

 Element (wt.%) 

 C Cr Ni Mn Si Co V Mo Cu P S Fe 

Wire 0.02 20 10 1.8 0.85 - - 0.2 - <0.025 <0.020 Bal. 

WAAM A  0.01 19.5 9.6 1.7 0.6 0.5 0.11 0.02 0.02 0.022 0.011 Bal. 

WAAM U 0.02 19.6 10.3 1.7 0.6 0.1 0.08 0.17 0.08 0.024 0.001 Bal. 

304L <0.03 
18.0-

20.0 

8.0-

12.0 
<2.0 <1.0 - - - - <0.045 <0.03 Bal. 

 

Values of Creq and Nieq were calculated according to the Schaeffler and DeLong 

equations and compared to the respective diagrams, as reported in Figure a.?. Both 

A and U should contain approximately \>-\= vol.% of δ-ferrite; in the next sections 

presence of δ-ferrite will be confirmed also by XRD analyses. According to the 
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phase diagram reported in Figure a.N, type A+F solidification mode should be 

expected. 

 

  

a b 

Figure a.?: a) Schaeffler and b) DeLong diagrams for the prediction of ferrite content and 

solidification structure; red lines indicate average Creq and Nieq of WAAM plates as obtained from 

GD-OES measurements (adapted from [Za]). 

 

 

Figure a.N: Vertical section of ternary-phase diagram at approximately a>% Fe where average 

composition of WAAM plates is evidence by red line [Za]. 
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Figure a.b shows the typical microstructure of WAAM processed =>?L, obtained 

by =D digital microscopy at relatively low magnification on metallographic 

samples extracted from the grip regions of T (Figure a.ba), L (Figure a.bb) and D 

(Figure a.bc) tensile specimens, according to the scheme in Figure a.\. No 

macroscopic defect (e.g. cracks, porosity, or lack of fusion) was evidenced by 

metallographic analyses in the majority of the as-printed samples between any two 

adjacent layers. Thus, the process resulted in mainly defect-free plates with a dense 

structure. The low magnification optical images in Figure a.b clearly show the 

typical hierarchical microstructure of additively manufactured parts, as discussed 

in Chapter \, induced by the layer-by-layer process and the rapid solidification of 

the molten material. In the micrographs, deposition layers (approx. \.N mm) are 

highlighted by red lines, columnar grains (approx. N>> µm wide) by yellow lines 

and the fine columnar sub-structure within grains by green lines. Deposition layers 

are perpendicular, parallel and ?N° oriented to loading direction in specimens T, L 

and D, respectively. The three-dimensional microstructure of samples can be seen 

in the reconstructions in Figure a.a, that qualitatively report the orientation of melt 

pools and deposited layer along the three main sections of tensile specimens (xz, 

xy and yz planes). From three-dimensional micrographs, it is evident that 

fabrication of plates occurred as subsequent deposition of single layers of molten 

material, following unidirectional deposition strategy. Thus, each layer represents 

a solidified melt pool, whose typical semicircular shape can be recognized in 

transversal cross-sections (i.e. yz and xy planes).  

 

Figure a.b: Representative low magnification =D Digital micrographs of: a) transverse, b) 

longitudinal and c) diagonal tensile samples (Figure a.\), where deposition layer, epitaxial grain 

growth and columnar sub-structure directions are highlighted by red, yellow and green lines, 

respectively; black arrows indicates the loading direction.  
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a b c 

Figure a.a: Three-dimensional microstructural reconstructions for: a) transverse, b) longitudinal 

and c) diagonal tensile samples 

 

From the micrographs in Figures a.b and a.a it can also be appreciated that the 

macro morphology throughout the X-Z plane of the WAAM plate is dominated by 

columnar grains formed by epitaxial growth, with a preferential texture along the 

building direction (Z axis in Figure a.\), perpendicular to the bottom substrate up 

to the top section. The extension of the grains across several deposition layers, has 

already been encountered in other studies concerning WAAM processes [\\,Z]]. 

Indeed, such morphology is strictly dependent on the specific nature of WAAM 

technology, that essentially consists of an additive multi-pass welding process in 

which, during each deposition, the upper part of the former layer is re-melted. 

When solidification occurs, the grains follow an epitaxial growth with direction 

perpendicular to the solid/liquid interface, according to the maximum 

temperature gradient [Z[], as evidenced by Figure a.]. In this figure, details of 

grains across layers are given in bright field and polarized light optical 

micrographs. High magnifications analyses of the interlayer region, with furthers 

detail of microstructure within epitaxial grains, are reported in Figure a.[. As 

already reported by [=>], the structure inside layers changes from the bottom to 

the top. A finer structure can be found in the bottom of the upper layer where 

cellular structure grows from the fusion line and develops in a columnar structure 
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while, in the upper part of the bottom layer, adjacent to the fusion line, a coarser 

columnar-dendritic structure can be found. To highlight this feature, the interlayer 

region is shown in Figures a.[a,b, where a coarser columnar-dendritic sub-

structure below the layer boundary and a finer columnar sub-structure above the 

boundary were revealed. Additional information regarding the columnar structure 

can be obtained by Figure a.[c in which, due to the specific color etching, the 

presence of δ-ferrite was revealed by white regions. As previously described, 

solidification microstructure of austenitic stainless-steel welds is related to the 

composition of the alloy and, for the case studied, the welds should solidify with 

the γ-austenite being the primary or leading phase and the d-ferrite located in the 

interdendritic spaces (Figures a.? and a.N). This assumption is supported by 

microstructural results in Figure a.[ where d-ferrite was revealed inside the fine 

columnar-dendritic sub-structure developed during the WAAM process. It should 

be noticed that, despite the different cooling conditions, both U and A samples 

exhibited the same microstructural features at both low and high magnification 

analyses.  

  

a b 

Figure a.]: Epitaxy across layers in the =>?L WAAM plates: a) polarized light, b) bright field 

optical analyses. 
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Figure a.[: Detail of the columnar sub-structure in the =>?L WAAM plates: a) and b) optical and 

SEM analyses of the interlayer region (white dashed line indicate layer boundary), c) d-ferrite 

inside columnar structures evidenced by white zones. 

 

As a consequence, the highly-oriented microstructure changes their 

morphology according to the different orientation considered by reference to the 

building direction. This aspect was already shown by low magnification 

micrographs in Figure a.a. However, in order to highlight the anisotropy in the 

microstructure higher magnification analyses on xy, xz and yz planes of T, L and 

D specimens are reported in Figure a.\>.  As showed by micrographs, 

microstructural features changed according to the considered planes: layers and 

interlayer boundaries (i.e. melt pool borders) are differently oriented along on xy, 

xz and yz planes and, consequently, also epitaxial grains and columnar sub-

structure. Grains and sub-structure, in fact, appeared elongated on xz planes 

(Figure a.\>a-c) on all samples but, when different directions are considered, both 

grains and sub-structure appeared more equiaxed (e.g. Figure a.\>d,f,h,i).  

a 

b 

c 
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g h i 

Figure a.\>: Representative OM micrographs showing anisotropy in the microstructural features 

of: a), d), g) transverse, b), e), h) longitudinal and c), f), i) diagonal tensile samples on xz, xy and 

yz planes as defined in Figure a.a.  
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MECHANICAL CHARACTERIZATION 

Results of tensile tests are reported in Figure a.\\ for both U and A specimens 

and for the three investigated orientations. Trends in mechanical properties for 

both U and A specimens are comparable and, by considering the standard 

deviations, also results are comparable. This outcome supports the above-

discussed microstructural analyses and suggests that intercooling does not affect 

final properties of WAAM plates. A not negligible anisotropy in the mechanical 

behavior was instead found, with respect to specimen orientation. Specimens L 

and T exhibited similar mechanical properties, both in terms of >.Z% proof stress 

(about =N> MPa), ultimate tensile strength (in the range N\>-N]> MPa) and 

elongation to failure (Z>-=?% with a high deviation). On the other hand, 

specimens D showed slightly higher tensile properties, with a >.Z% proof strength 

of about ?>> MPa, an ultimate tensile strength higher than N]> MPa and Z?-Za% 

of elongation. Noteworthy is the influence of the specimen orientation in the 

values of Youngs modulus, much higher for specimens D (average value of Z=> 

GPa) with respect to specimens L (average value of \=> GPa) and T (average value 

of \>N GPa).  

Similar influence of specimens orientation in tensile results in terms Young 

modulus was reported by [=\]. Although it has to be mentioned that the 

experiments were conducted on =\bL stainless steel realized with LPBF process, 

thus the different orientations in [=\] refer to different building directions, while 

in the present case L, T and D orientations refer to different extraction directions 

from the plate.  
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a b 

  
c d 

Figure a.\\: Results of the tensile tests on transversal, longitudinal and diagonal =>?L WAAM 

specimens (see Figure a.\): (a) Young modulus; (b) >.Z% proof stress; (c) ultimate tensile strength; 

(d) elongation to failure. In the diagram, reference values for the standard =>?L according to 

Eurocode are also reported in red dashed lines 

 

The observed anisotropy in the mechanical behavior of WAAM specimens 

might be related to the different grain orientations, with respect to the loading 

direction, as schematically shown in Figure a.b. It is well known that under uniaxial 

tensile loading, plastic deformation of metals preferentially occurs along slip 

planes oriented at ?N° with respect to the loading direction, where shear stress 

reaches the maximum value [=Z]. Hindering dislocation slip, which is responsible 

for plastic deformation, by proper strengthening mechanisms, allows increasing 

metals tensile strength. Several studies demonstrate that grain refinement is the 

most effective strengthening mechanisms, besides solid solution, in AM parts, 

enhancing both strength and toughness, due to the high solidification rates 
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induced by the process [==]. In the hierarchical microstructure typical of additively 

manufactured parts, the first obstacle to dislocation slip is the fine columnar sub-

structure (few micrometers in case of present WAAM plates). The observed 

anisotropy in the tensile properties of WAAM =>?L stainless steel samples should 

be likely related to the different orientations of this fine columnar sub-structure 

among T, L and D specimens, schematically shown in Figure a.b. The superior 

tensile properties in terms of yield and ultimate tensile strength observed in D 

samples can be related to the highest density of cells boundaries along the main 

slip direction oriented at ?N° to the tensile loading. It is worth noting that 

specimens D also exhibited the highest elastic modulus, clearly related to 

crystallographic and mechanical fibering, that are widely reported as the main 

reasons for the elastic anisotropy of metals [=Z,=?] and will be discussed in the 

following sections. By comparing the results of the present study with the 

international standard building codes [=N–=a], it can be noted that >.Z% proof 

stress of the WAAM processed =>?L steel is higher than the standard requested 

for the standard material, while the ultimate tensile strength is comparable. The 

strong difference is represented by the value of the Young modulus, as already 

discussed, higher for the D specimens while consistently lower than the one 

required by the standards in the case of L and T specimens.  

Representative images of the tensile fracture surfaces, obtained by multi-focus 

microscopy at relatively low magnification, are shown in Figure a.\Z, highlighting 

that no macroscopic defects were present in the majority of the tested samples. 

High magnification analyses were also carried out by SEM-EDS to better highlight 

specific microstructural features of the failure (Figure a.\=) and evidenced the 

presence of very small dimples, about \ µm in size, in all the tested specimens, 

independently from specimen orientation, typical of a ductile failure. The fineness 

of the dimples (few micrometers in case of present WAAM plates) is clearly related 

to the corresponding very fine sub-structure induced by the WAAM process in the 

stainless steel. 
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Figure a.\Z Low magnification micrographs obtained by =D multifocus microscopy of the top and 

lateral view of the fracture region: a) and d) transversal, b) and e) longitudinal, c) and f) diagonal 

tensile samples 

 

  

a b 

Figure a.\=: SEM analyses of fracture surfaces of =>?L WAAM specimens: representative low 

magnification (a) and high magnification (b) micrographs. 

Vickers microhardness measurements (HV>.\) have been performed on 

metallographic L, T and D samples, and the results are reported in Figure a.\?. 

With the aim to assess the effect of the active cooling on the microstructure, micro-

hardness was evaluated in the inter-layer region of samples, distinguishing the 

coarse columnar-dendritic structure at the top of the bottom layer from the fine 

cellular structure at the basis of the upper layer and the layer boundary. All samples 

exhibited a comparable value of hardness of approximately ZN>HV>.\ and, by 

condidering standard deviation of experimental results, no difference can be 

evidenced either according to different inter-layer areas or cooling conditions. This 

outcome agrees with previously discussed microstructural analyses as well as 

tensile test results.  
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Figure a.\?: Micro-hardness (HV>.\) measurements carried out in the inter-layer regions of L, T 

and D samples extracted from AISI =>?L WAAM plates processed with and without active cooling 

system.  

 

7.1.4 Conclusions 

Results of the experimental campaign aimed at characterizing static mechanical 

properties (Young modulus, yield and ultimate tensile strength, elongation to 

failure, hardness), chemical composition and microstructure of Wire-and-Arc 

Additive Manufacturing (WAAM) plates produced by ER=>]LSi wire are reported. 

The main goal is to draw some considerations on the effect of the forced cooling 

applied to each deposited layer on microstructure and related mechanical 

properties, and also on the potential anisotropic mechanical behavior induced by 

the specific microstructural feature induced by the WAAM properties. The 

following conclusions can be drawn: 

 

• Chemical analysis showed that the printed material might be considered as 

a =>?L stainless steel. 

• Specimens for microstructural and mechanical characterization have been 

cut from =>?L plates, with different orientations with respect to the 
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deposition layer: transversal direction (T), longitudinal direction (L), and 

diagonal direction (D). 

• Microstructural analyses at different magnifications revealed a substantially 

defect-free, full-dense material, characterized by a hierarchical 

microstructure, typical of additively manufactured parts, structured in: 

deposition layers, epitaxial grains crossing over layers and a fine columnar 

sub-structure inside the epitaxial grains. 

• Anisotropy in the tensile properties was observed, with the highest 

properties measured in D specimens. This behavior was related to the 

highest density of sub-structure boundaries hindering dislocation slip, that 

preferentially occurs at ?N° with respect to the tensile loading direction. All 

the investigated samples showed a ductile failure mode, characterized by 

very small dimples on the fracture surfaces.  

• No significant influence due to the forced cooling applied to each deposited 

layer was evidenced in microstructural, tensile and hardness analyses.  

• Strong anisotropy in the Young modulus was also evidenced. This aspect 

will be further addressed in the following section. 

 

 
7.2 Focus on elastic modulus 

 

This section contains selected parts of the unpublished paper: “Orthotropic 

elastic model for Wire-and-Arc Additively Manufactured stainless steel”, aimed at 

correlate the anisotropy evidenced in the Young modulus with the crystallographic 

texture.  

 

7.2.1 Aim and scope 

Giving the outcomes discussed in the previous section, further analyses were 

carried out by X-ray diffraction in order to highlight the correlation between 

microstructure and the marked anisotropy evidenced in the elastic modulus. The 
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previously presented microstructural analyses showed epitaxial columnar grains 

strongly oriented along the maximum thermal gradient. Thus, presumably, the 

microstructure is dominated by a preferential crystallographic orientation, as also 

evidenced by other authors [=>,=]]. Based on the intrinsic elastic anisotropy of the 

austenitic stainless steel crystal structure [=[,?>], the aim was to verify the 

presence of a preferred texture in WAAM L, T and D specimens and eventually 

correlate it to the elastic modulus obtained via tensile tests. It is well known, in 

fact, that the fcc-cubic crystal structure of stainless steels is anisotropic and its 

elastic modulus varies in the range of \>\-Z[a GPa on the basis of the crystal 

direction, being <\\\> the stiffest direction and <\>>> the least stiff one [?\]. For 

the conventional polycrystalline material, with no preferred orientation, the 

average value of \[>-Z>> GPa is commonly adopted.   

 

7.2.2 Experimental procedure 

X-Ray diffraction (XRD: X’Pert PRO diffractometer, PANAlytical, Almelo, NL) 

was used to determine phase composition of T, L and D representative WAAM 

samples. Spectra were acquired with a Ni-filtered Cu-Kα radiation source in the 

range ?>° < Zθ < \>>°, with a step size of >.>Z° and \Z> s/step dwell time, using a 

\D array of solid-state detector (X’Celerator PANAlytical). Acquired spectra were 

elaborated with HighScorePlus software (PANAlytical) for phase identification and 

peaks characterization, texture coefficients were then obtained following the 

procedure described by [?Z,?=]. On polished and etched surface of a representative 

D metallographic specimen, EBSD analyses were also carried out using the Nova 

NanoSEM ?N> device, which was equipped with a QC-Z>> i (Bruker) EBSD system 

featuring an e−Flash\>>> detector. Samples, placed at an inclination of a>° with 

respect to the electron beam axis, were scanned at \N kV acceleration voltage under 

low-vacuum (?> Pa) conditions in order to avoid charging drift of their non-

conductive surfaces. 
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7.2.3 Results and discussion 

Previously reported microstructural analyses evidenced the occurrence of 

epitaxial growth developed during the rapid solidification of each deposited layer 

all along the WAAM process. Accordingly, grain growth of each newly deposited 

layer followed the crystallographic orientation of the previously solidified one, 

resulting in a preferred texture. Therefore, crystal structure was analyzed with 

XRD, whose results are reported in Figure a.\N for a set of representative samples. 

XRD spectra (Figure a.\Na) showed that, for all samples, the predominant phase 

was austenite (γ) with minor traces of delta-ferrite (δ), as already evidenced by the 

previous microstructure characterization.  

The reference pattern for austenite (ICDD ==->=a[) is characterized by five 

peaks corresponding to (\\\), (Z>>), (ZZ>), (=\\), (ZZZ) crystallographic planes. 

However, as can be noticed by the XRD results for the investigated WAAM 

samples, none of the spectra exhibited the (ZZZ) austenite peak located at 

approximately [N.[b° and, more importantly, samples showed different peaks 

characterized also by different intensities, suggesting the occurrence of a varied 

preferred orientation. Specifically, T, L and D directions showed two, four and 

three austenite peaks respectively. With the aim of quantifying such preferred 

crystallographic orientation, texture coefficients (TC) for the dominant γ-austenite 

phase were calculated. The results are reported in Figure a.\Nb. If no preferred 

orientation exists, TC is equal to \ for all crystallographic planes, while in case that 

one or more orientations prevail, TC assumes value higher than \ for the dominant 

orientations. Data reported in Figure a.\Nb show that T direction is dominated by 

(Z>>) orientation, while for L directions (Z>>) and (ZZ>) are more predominant.  

It should be noticed that (\\\) peak was not revealed on T sample and was almost 

negligible for L one, while it prevails on D direction. From the results of the analysis 

of texture coefficients it can be inferred that a relationship between the Young 

modulus obtained with tensile tests and the preferred crystallographic orientation 

among samples exists. In particular, the dominant orientation of the stiffest 

direction D (E≃ZN> GPa) differs consistently from both L and T ones, which 

showed instead a much lower Young modulus, approximately \?> GPa and \\> GPa 

respectively.  



 CHAPTER 7 – WAAM OF 304L AUSTENITIC STAINLESS-STEEL, EXPERIMENTAL ANALYSES 

 253 

 

 

 

 

 

 
a 

 
b 

Figure a.\N: Results of XRD analyses: a) XRD spectra showing phase composition for transversal 

(T), longitudinal (L) and diagonal (D) specimens; b) texture coefficients for γ-austenite phase 

derived from spectra  
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The presence of a marked crystallographic preferential orientation in the γ-

austenite phase was also confirmed by EBSD analyses. According to the inverse 

pole figures (IPF) and maps reported in Figure a.\b for sample D, a texture oriented 

along the <\\\> crystallographic direction exists. This outcome further supports the 

above discussion, relating the highest stiffness exhibited by D direction with the 

stiffest crystallographic direction of the fcc stainless steel lattice structure.  

 
 
 

   

a b c 

 

d 

 

Figure a.\b: Inverse pole figures (IPF) from EBSD analyses for a representative D sample: a) IPFx 

map; b) IPFy map; c) IPFz map; d) relative IPF 
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7.2.4 Conclusions 

The present work was aimed at highlighting the relationship between the 

peculiar microstructure induced by the WAAM process to the elastic properties, 

specifically the elastic modulus, along the directions parallel (L), perpendicular (T) 

and diagonal (D) with respect to the deposition layers of WAAM AISI =>?L 

austenitic stainless-steel plates using X-ray diffraction and EBSD analyses. Based 

on the results, the following conclusions can be outlined: 

• Analyses of texture coefficients, obtained via XRD analyses, confirmed the 

presence of crystallographic texture. Texture was different among L, T and 

D specimens. In particular, for T specimens, who exhibited the lowest 

elastic modulus (approx. \\> GPa), a predominance of (Z>>) 

crystallographic plane was observed. For D specimens, whose modulus was 

approx. ZN> GPa, the (\\\) plane was predominant, as also confirmed by 

EBSD analyses.  

• Given the intrinsic anisotropy of the fcc crystal structure of austenitic 

stainless steels, whose elastic modulus ranges from \>\-Z[a GPa on the basis 

of the crystal direction, a correlation between texture induced by WAAM 

processes and elastic modulus was found.   
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Chapter 8 

WIRE-AND-ARC ADDITIVE MANUFACTURING OF 
ALUMINUM ALLOYS 

A LITERATURE REVIEW 

 

 
8.1 Aluminum Magnesium wrought alloys   

The Al-Mg wrought alloys belong, according to the IADS designation system, to 

the ?xxx series in which Mg content is in the range A.C – ? wt.%. Al-Mg alloys are 

non-heat treatable, thus they cannot be strengthened by solution treatment and 

aging, as for others Al alloys such as the Al-Si-Mg ones discussed in Chapters I and 

?. Consequently, strengthening of these alloys is achieved via solid solution and 

cold working. As reported in Figure C.N, Mg is indeed quite effective as solid 

solution hardener and, among the non-heat-treatable aluminum wrought alloys, 

the ?xxx series are characterized by the highest ultimate tensile strength, ranging 

from NP? to IQ? MPa  depending on the temper condition (O annealed or H strain 

hardened) [N].  

 

Figure C.N: Effect of main alloying elements in solid solution strengthening of pure aluminum in 

the annealed condition [N] 
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Al-Mg alloys also exhibit a high toughness, even at cryogenic temperatures. 

Main applications of this series include: cryogenic tanks, pressure vessels, 

automotive components, cans, crane ad streetlight parts. By reason of their good 

corrosion resistance, even in salt water conditions, they are also widely used in the 

shipbuilding industries [N]. However, in case of alloys with a high Mg content, the 

formation of continuous β-MgQAlP precipitates at grain boundaries, occurring in 

heavily cold-worked exposed to temperatures from NPA to PAA °C, must be avoided 

as it can lead to intergranular corrosion.  

Alloys of the ?xxx series are difficult and expensive to extrude and, 

consequently, they are commercialized in form of plates and sheets obtained via 

cold working. Nevertheless, they are also characterized by a good weldability, as 

will be later discussed [P].  

 

8.1.1 Welding of non-heat-treatable aluminum wrought 
alloys 

Joining of wrought aluminum parts (sheets, plates, rods, bars, extrusions, ecc…) 

can be obtained by welding, especially fusion welding, as aluminum alloys are 

characterized by a good weldability. However, a few issues have to be addressed 

[N]: 

• Oxide formation 

• Hydrogen solubility 

• Cracking sensitivity 

• Electrical Conductivity 

• Thermal conductivity 

• Thermal expansion 

 

Many of the issues listed above have been already examined in Chapter I when 

discussing the LPBF of aluminum alloys, since aspects like oxides formation, high 

hydrogen solubility and thermal conductivity represents major concerns for this 
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material. The natural thin oxide film that forms on the surface of aluminum has to 

be removed before welding, as: i) melting temperature of aluminum oxide is 

approx. PA?A °C (while pure aluminum undergoes melting at ffA °C); ii) oxides 

fragments can be entrapped in the weld and affect ductility or promote porosity 

and crack formation; iii) since the oxide is an electrical insulator it can prevent arc 

initiation for electrical arc-based processes. As hydrogen dissolves very rapidly in 

molten aluminum and has almost no solubility at the solid state (Figure C.P), any 

potential source of hydrogen has to be carefully avoided, such as: moisture and 

lubricants of the filler wire, moisture in the shielding gas or any potential water 

leaks in the equipment. The natural aluminum oxide is thin and porous but, if it 

adsorbs water (hydrated oxide), might grow in thickness and acts as potential 

source for porosity formation [P]. Alloys of the ?xxx series are the most prone to 

form a hydrated oxide on the surface of the filler wire or base metal, thus particular 

attention has to be paid to storing the material in a controlled atmosphere [N].  

 

 

Figure C.P: Hydrogen solubility in aluminum [P] 

 

Aluminum has a high thermal conductivity and requires high heat input to 

undergo melting, even if the melting temperature is lower than other material, like 

steels. It is also characterized by a high thermal expansion that can results in 

warping, distortions and deformations if the welding process is not properly 
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designed. On the other hands, the high electrical conductivity favors the arc-based 

welding processes.  

Attention must be paid also to crack sensitivity of aluminum alloys, strongly 

influenced by the solidification range, beside grain size. Cracking developed during 

welding of aluminum alloys are hot cracking that, as already reported in Chapter 

I, occurs at the last stages of solidification when mushy region cannot withstand 

to the imposed local stresses, thus forming intergranular cracks. The alloy 

chemical composition defines the solidification ranges and so determines the 

cracking sensitivity. Accordingly, crack sensitivity curves (Figure C.Q) have been 

developed in order to estimate the tendency of the alloy to incur cracking 

formation. Based on these curves, the proper filler wire can be chosen with the aim 

to reduce cracking sensitivity, especially for those alloys with a high cracking 

sensitivity, as Al-Cu (Pxxx series) alloys. In case of Al-Mg alloys, cracking sensitivity 

becomes negligible if Mg content is higher than ? wt.%.  

 

 

Figure C.Q: Cracking sensitivity of aluminum alloys as a function of alloy elements content [Q] 

 

Cracking sensitivity can be strongly reduced by adopting the proper 

combination of base metal and filler wire, as shown in Figure C.I. Table C.N reports 

the advisable filler wire to be adopted for non-heat-treatable alloys. 
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Figure C.I: Selection of base metal/filler wire to avoid or limit cracking formation [I] 

 

Table C.N: Guidelines for alloy-filler selection for non-heat-treatable alloys [I] 

Base metal Filler wire 

Nxxx (pure Al) Nxxx (pure Al) or Ixxx (Al-Si) 

Qxxx (Al-Mn) Nxxx (pure Al) or Ixxx (Al-Si) 

?xxx (Al-Mg, low Mg) ?xxx (Al-Mg) or Ixxx (Al-Si) 

?xxx (Al-Mg, high Mg) ?xxx (Al-Mg) 

 
8.1.2 The AlMg4.5Mn alloy 

The experimental activity, described in the following chapter, focused on the 

Al-I.?Mg alloy (AA ?ACQ according to IADS) used in the WAAM process. This is a 

moderate-strength weldable alloy developed in Nl?As specifically to shipbuilding 

applications but it is currently widely used also in the automotive field [?]. The 

nominal chemical composition is reported in Table C.P while typical mechanical 

properties at various temperature for the O temper condition, similar to those of 

welds, are summarized in Table C.Q.  
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Table C.P: Al-I.?Mg-Mn alloy: designations, according to International Alloy Designation System 

(IADS) [f] and EURONORM (EN) [p–l] system, and nominal chemical composition according to 

[?]. 

Designation  Element (wt.%) 

IADS 
EN 

Chemical 

EN 

Numerical 
Al Si Mg Mn Fe Cu Ti Zn Cr Other 

?ACQ 
EN-AW 

AlI.?MgMn 

EN-AW 

?ACQ 
Bal. 

A.I 

max 

I – 

I.l 

A.I 

– 

N.A 

A.I 

max 

A.N 

max 

A.N? 

max 
A.P? 

A.A?-

A.P? 
A.N? 

 

 

Table C.Q: Typical mechanical properties at various temperature for the AlI.?MgMn annealed alloy 

[?]. 

Temperature [°C] 

Tensile properties 

Ys [MPa] UTS [MPa] A%  

-Nl?  IA? Nf? Qf 

-CA Pl? NI? QA 

-QA PlA NI? Pp 

P? PlA NI? P? 

NAA Pp? NI? Qf 

N?A PN? NQA ?A 

PA? N?A NN? fA 

PfA NN? p? CA 

QN? p? ?A NNA 

QpA IN Pl NQA 
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As already mentioned, this alloy is characterized by a good corrosion resistance, 

that makes it suitable for marine applications, but it can be susceptible to stress-

corrosion cracking. 

 

 
8.2 WAAM of Aluminum alloys 

The scientific research of WAAM applied to aluminum alloys in confined to the 

last two-three years, and was primarily focused on the Pxxx (such as PQNl, PPNl, 

PAPI, PA?A alloys) [NA–NI] and ?xxx (?ACQ, ?NCQ, ?ACp, ?Q?f) series [N?–PA]. As a 

consequence of the afore-mentioned issues in welding of aluminum alloys, also 

WAAM is quite challenging [PN].  As depicted in Figure C.?, porosity is a severe 

problem in WAAM aluminum components, followed by deformations, residual 

stress, cracks and oxidation. Surface quality and delamination represent, instead, 

minor concerns.  

 
 

Figure C.?: Defects encountered in the WAAM of several materials [PP] 

 

As highlighted by the topical review by S. Thapliyal [PN], advanced processes like 

interlayer rolling or Cold Metal Transfer (CMT) technology might be adopted in 

order to limit the extent of defects and improve the quality of WAAM parts.  
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The deformation induced by inter layer rolling promotes the reduction of 

porosity and such reduction is a function of the applied pressure. Gu et al. [PQ] 

verified that a I? kN load applied between layers was sufficient to eliminate the 

porosity content in both AAPQNl and AA?ACp alloys. The effect of the interlayer 

rolling in pore reduction and grain refinement can be appreciated from 

microstructural analyses reported in Figures C.f and C.p. 

 

Figure C.f: SEM micrographs for WAAM ?ACp alloy in the as-deposited condition (a) and after 

interlayer rolling at N? kN (b), QA kN (c), I? kN (d) [PQ]. 

 

Figure C.p: EBSD analyses for WAAM ?ACp alloy in the as-deposited condition (a) and after 

interlayer rolling at N? kN (b), QA kN (c), I? kN (d) [PQ]. 
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However, the application of a dedicated interlayer rolling can be easily applied 

for simple geometries while, for complex structure, resorting to this technology 

may become less convenient.  

CMT is instead a variation of the GMAW process, patented by Fronius Ldt, in 

which both heat input and spatter ejection are controlled and minimized. A lower 

heat input, indeed, leads to lower peak temperatures and lower hydrogen 

dissolution, thus gas entrapment and porosity are reduced. Another variation of 

the CMT process is the pulse advance mode (CMT-PADV), that results in fine grain 

structures and pores elimination [PN,PI]. Furthermore, another variation of CMT 

called variable polarity cold metal transfer (VP-CMT) resulted, for the Al-fMg 

alloy, in obtaining equiaxed grains (Figure C.C) and a tensile strength of QQQ MPa 

[NC], comparable to the conventional wrought alloy. This unprecedented result is 

quite encouraging as one of major drawbacks of WAAM is related to the low 

achievable mechanical properties with respect to the wrought counterparts 

[PN,PI,P?].  

  

Figure C.C: Equiaxed grain formed in the CMT of the: a) AA?NCQ and b) AlfMg alloy [NC,Pf]. 

 

When present, pores and cracks tend to lie in the interlayer region, as shown in 

Figure C.l.  
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Figure C.l: Microstructural analyses of AlfMg alloy showing defects in the interlayer regions: a) 

macrographs of the deposited plate, b) low magnification optical micrograph, c) high 

magnification optical micrograph on the interlayer region, d) detail of porosity on layer boundary 

[NC] 

Mechanical properties reported in the literature for the WAAM Al-Mg alloys are 

synthetized in Table C.I, as a function of process type and specimen extraction 

direction with respect to the deposited layers, being longitudinal if extracted 

parallelly to the layers, and transversal if extracted perpendicularly. As can be 

noticed from the table, different process parameters and alloys were adopted in 

the literature works, thus a direct comparison is hardly achievable. However, as a 

general consideration, no marked anisotropy was found when the longitudinal and 

transversal orientations were considered, even if the transversal direction was 

always characterized by a slightly lower ultimate tensile strength.  By comparing 

the AA?NCQ alloy processed by GMAW and CMT, it can be noticed that analogous 

results were reported, proving that even if CMT is often recommended for the 

WAAM of aluminum alloys, comparable results can also be obtained with the 

conventional GMAW process. On the contrary, by focusing on the AA?lCp alloys, 

the GTAW process resulted in poor mechanical properties, especially if compared 

to the same alloy processed with CMT.   
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Table C.I: Literature review of mechanical properties for the WAAM Al-Mg alloys   

Process 
type Alloy Specimen 

orientation 
E 

[GPa] 
Rp0.2 

[MPa] 
UTS 

[MPa] 
A% 
[%] Reference 

GMAW 5183 L 73 145 293 / [17] 

CMT-

PADV + 

interlayer 

rolling 

5087 L / 142 291 22.4 [16] 

CMT Pulse 5356 

L / 115 268 28 

[17] 
T / 115 254 17 

CMT 5183 

L / / 293 / 
[15] 

T / / 281 / 

VP GTAW  5087 

L / 77 176 11 

[27] 
T / 77 170 11 

VP CMT Al6Mg 

L / / 315 / 
[18] 

T / / 265 / 
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Chapter 9 

WIRE-AND-ARC ADDITIVE MANUFACTURING OF  
ALMG4.5MN ALLOY 
EXPERIMENTAL ANALYSES 

 

Foreword 

The present Chapter synthetizes the experimental activities carried out during 

the PhD course on AlMg?.AMn plates produced by Wire-and-Arc Additive 

Manufacturing (WAAM). The work focused on the morphological, microstructural 

and mechanical characterization of samples extracted from WAAM plates along 

three different orientations (longitudinal, transversal and diagonal with respect to 

the deposition layer). Experimental analyses aimed at correlate microstructure and 

mechanical properties. In particular, the investigation of the diagonal direction 

(?A° to the deposition layers) represents the main novelty of the present work, by 

reference to the state of art reported in the previous Chapter. 

 

The Chapter contains selected parts from the following paper, currently under 

review, which I have co—authored as first and corresponding author:  

 

“AA"#$% (Al-Mg) plates produced by Wire-and-Arc Additive Manufacturing: effect 

of specimen orientation on microstructure and tensile properties” by L. Tonelli, V. 

Laghi, M. Palermo, T. Trombetti, L. Ceschini. 
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9.1 Microstructural, morphological and mechanical 

characterization  

 

9.1.1 Aim and scope 

Wide research effort has been recently devoted to GMAW and GTAW-based 

WAAM processes for aluminum alloys [U], also focusing on wrought Al-Mg alloys 

of the AWWW series [X–Z]. Aluminum alloys are highly appreciated by several 

industrial sectors for their high strength-to-weight ratio, very long in-service life, 

low maintenance, and contribution to the energy performance of buildings [[]. 

The low elastic modulus could be a main limit in the use of Al alloys, but it is well-

known that the global stiffness of structural elements can be improved by a proper 

design of cross-sections characterized by high moment of inertia. This can be 

achieved by the use of complex-shaped extrudates, often made of the \WWW 

aluminum alloys series since the use of the AWWW series alloys is limited by their 

low extrudability. In this view, the WAAM process would help realizing optimized 

cross-section members of the AWWW series to guarantee a superior stiffness with a 

minimum amount of material, also gaining the advantage of the superior corrosion 

resistance of this series with regard to the \WWW one []]. Up to date, the research 

work on WAAM of AWWW series Al alloys (AW[_, AU[_, AW[Z, A_A\) has been focused 

on: (i) tensile behavior [X,_,A,UW]; (ii) microstructural defects [U–?] and (iii) possible 

anisotropic mechanical behavior induced by the process [Z,],UW,UA]. Regarding 

tensile properties, literature results report an almost isotropic tensile behavior 

[X,UW,UU]. On the contrary, tests carried out on stainless steel WAAM plates, as 

reported in the previous Chapters, showed a highly anisotropic behavior. 

Moreover, to the best of the authors knowledge, for Al alloys of the AWWW series 

there are no data currently available on the tensile behavior of specimens extracted 

at ?A° to the deposition layer. 

Based on the above, the focus of the present study is to investigate the influence 

orientation to the of deposition layer on the tensile properties of AAAU[_ aluminum 

plates produced by GMAW-WAAM. Tensile tests have been carried out on 

specimens extracted from WAAM plates considering three orientations, being 

perpendicular (]W°), parallel (W°) and diagonal (?A°) to the deposited layers, to 
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investigate possible anisotropic behavior. Results of tensile tests are correlated 

with the results of extensive microstructural and fractographical analyses, aimed 

at relating the new production process to the specific induced microstructural 

features and consequently to the final mechanical properties and failure 

mechanisms. 

 

9.1.2 Experimental procedure 

WAAM aluminum plates (_[Wx_[Wx? mm
_
) were manufactured and supplied 

by the Dutch company MX_D [UA]. Commercially available aluminum 

AlMg?.AMnW.Z welding wire (ER AU[_ according to AWS AA.UW designation [U\]) 

supplied by Oerlikon [UZ] was used as feedstock material. GMAW-based process 

with a standard pulse signal was adopted to build the aluminum plates and the 

main process parameters are reported in Table ].U. According to the scheme in 

Figure ].U, plates were built in the vertical (z) direction by overlapping individual 

layers of metallic material.  Chemical composition of WAAM plates was checked 

by means of quantitative analysis carried out by Glow Discharge Optical Emission 

Spectroscopy (GDOES, Spectruma Analytik GDA-\AW).  

 

 
 
 
 
 
 
 

 

 

 

 

Figure ].U: Picture of an aluminum WAAM plate with the schematic representation of samples 

extraction directions, according to the building direction (z axis) and deposition layer (x axis); in 

the inset a detail of inherent surface. 
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Table ].U: Process parameters used for WAAM aluminum plates deposition (Courtesy of MX_D 

[UA]). 

 
Process parameters Details Value 

Deposition power 
Current 30 - 50 A 

Arc voltage 14 - 15 V 

Speed 

Welding speed 12 - 15 mm s
-1
 

Wire feed rate 2 - 3 m min
-1
 

Deposit rate 0.5 - 2 kg h
-1
 

Distance and angle 
Layer height 0.5 - 2 mm 

Electrode to layer angle 90° 

Wire 
Wire grade ER 5183 

Wire diameter 1.2 mm 

Shield gas 
Shield gas type 100% Ar 

Shield gas flow rate 10-20 L min
-1
 

 

Mechanical characterization of WAAM plates consisted of tensile and hardness 

tests. Flat dog-bone tensile specimens were machined from the WAAM plates 

considering three main directions, with respect to the deposition layer, as 

represented in Figure ].U: longitudinal (L), transversal (T), and diagonal (D) thus 

being parallel, perpendicular and inclined at ?A° to the layer, respectively. Tensile 

tests were performed at room temperature, according to ISO \[]X-U [U[] on a 

Metrocom universal testing machine of AWW kN load capacity under displacement-

control with loading rate of X MPa s
-U
. Strain up to the yield point was measured by 

a Linear Variable Displacement Transducer (LVDT) of AW mm gauge length. 

Geometry and dimensions of tensile specimens were chosen according to ISO 

\[]X-U [U[] (gauge length of U\W mm, gauge width of XW mm and nominal thickness 

of ? mm according to ASTM E[/E[M-U\a standard [U]]) and the as-built surface 

roughness of the WAAM plates was preserved. Four specimens for each extraction 

direction (L, T and D) were tested. Before testing, gauge length dimensions of each 

specimen were measured by means of a digital caliper. Given the inherent surface 

roughness of the specimens due to the printing process (Figure ].U), the values of 

cross-sectional area and thickness were taken from volume equivalency, by means 

of the Archimedes’ principle, according to previous literature work on as-built 
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WAAM specimens [UX,U_]. Elastic Modulus (E), yield stress (calculated as W.X% 

proof stress) (YS), ultimate tensile strength (UTS) and elongation to failure (A%) 

were evaluated. Vickers hardness tests HVU (U kg load, UA s dwell time) were carried 

out on samples extracted from the grip region of tensile specimens [XW]. 

Surface topography of WAAM plates was analyzed by means of a _D-Digital 

Microscope (Hirox KH-ZZWW) with the aim of characterizing morphological 

features peculiar of the aluminum WAAM plates. Waviness and roughness profiles, 

and related parameters (Ra, Rz), were evaluated according to the EN ISO ?X[Z 

standard [XU] by means of a stylus profilometer (Hommelwerke TXWWW, A µm tip 

radius). 

Phase composition was determined by X-ray diffraction (XRD, PANalytical 

Expert PRO with Xcelerator detector) operating at ?W kV and ?W mA. For XRD 

analysis, Cu-Kα (λ = W.UA?W\ nm) was used as radiation source and scans were 

carried out from XW to ]W° (θ - Xθ), with a W.WU° step size and a UW s dwell time. 

A comprehensive macro and microstructural characterization was performed 

via Optical Microscopy (OM) and Field Emission Gun Scanning Electron 

Microscopy equipped with an Energy Dispersive X-ray Spectroscope (FEG-SEM 

EDS), using both secondary and back-scattered electrons. According to the scheme 

reported in Figure ].X, samples for microstructural analyses were extracted from 

grip regions of L, D and T tensile specimens and the three principal cross-sections 

(lying on x-z, x-y and z-y planes) were considered. Standard grinding and polishing 

procedures (ASTM E_ [XX]) were used for preparing metallographic samples and, 

in order to reveal specific microstructural features, chemical etching was carried 

out via _W s immersion in the Keller’s reagent (X.A mL HNO_, U.A mL HCl, U.W mL 

HF and ]A mL distilled water [X_]).  
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Figure ].X: Samples for microstructural analyses: schematic representation of samples extraction 

directions from L, D and T WAAM tensile specimens. 

 

Fracture surfaces of the tensile specimens were firstly inspected by _D-Digital 

microscopy and then by FEG SEM-EDS microscopy, for both a general and more 

detailed characterization. In order to investigate the crack path, samples extracted 

close to the fracture surfaces were also subjected to metallographic preparation, as 

described above, and then analysed by OM and FEG-SEM.   

 

9.1.3 Results and discussion 

 

CHEMICAL COMPOSITION 

Results of chemical composition analysis, carried out by GD-OES, are reported 

in Table ].X and compared to the nominal composition of the ERAU[_ feedstock 

wire, as provided by the supplier [UZ], and to the nominal composition of AAAW[_ 

alloy []], of which the ERAU[_ wire is the common filler material. Results show that, 
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with respect to the feedstock wire, WAAM plates exhibited a higher content of the 

main alloy element (Mg) and a lower presence of Mn, however these values fall 

within the range of AAAW[_. It is worth noticing also that no trace of Si, nominally 

present in the wire and in the AAAW[_ alloy, was detected on WAAM plates. 

Table ].X: Chemical composition of WAAM aluminum plates (mean value and standard 

deviation) measured by GD-OES, compared to the nominal composition of the feedstock wire 

ERAU[_ [UZ] and AAAW[_ alloy []]. Where a specific range is not reported, value has to be 

considered as maximum admissible content.  

 Elements (wt. %) 

 Al Mg Mn Fe Zn Ti Cr Si Cu 

WAAM plates Bal. 
4.876 0.614 0.097 0.032 0.086 0.042 

- - 
±0.047 ±0.013 ±0.003 ±0.002 ±0.003 ±0.001 

Wire Bal. 4.5 0.8 0.1 - 0.1 0.1 0.3 0.1 

AA5083 Bal. 4.0 – 4.9 0.4 – 1.0 0.4 0.25 0.15 0.05 – 0.25 0.4 0.1 

 

SURFACE MORPHOLOGY 

As concerning morphological characterization, it can be inferred that the 

surface of WAAM plates is typically characterized by a high roughness and a 

marked waviness, inherent of the process itself that consists of subsequent 

deposition of thick (U to X mm) layers of molten material [X?]. Evidence can be 

found in the representative waviness profile measured by a stylus profilometer 

along the building direction (z axis) on the surface of WAAM plates (Figure ]._a), 

where it is possible to recognize a cyclic repetition of peaks and valleys, consistent 

with the layer deposition thickness (W.A - X mm, Table ].U), being the maximum 

distance between the highest peak and the lowest valley (total height of waviness 

profile) equal to _AZ µm. The corresponding roughness profile is reported in Figure 

]._b and revealed a poor surface finishing, characterized by typical surface 

roughness parameters Ra= XU µm and Rz = ]? µm. The high surface roughness can 

be ascribable to the deposition process, consisting of the subsequent formation of 

melt pools, as highlighted by _D digital micrographs reported in Figure ].?. As for 

the AISI _W?L described in Chapter Z, plates were fabricated by deposition of single 



CHAPTER 9 – WAAM OF ALMG4.5MN ALLOY, EXPERIMENTAL ANALYSES 
 

   280 

layers of molten material. However, in this case solidified melt pools are visible as 

due to the pulse signal adopted in order to control heat input, resulting in droplets 

detachment. Figure ].?a shows the typical surface of WAAM plates, where both 

the deposition layers (whose boundaries are highlighted by yellow dashed lines) 

and melt pools (highlighted by red dashed lines) can be recognized. In some cases, 

typical defects of conventional welding process, also reported for WAAM 

components, were detected on plates surfaces (x-z plane) [X?,XA]. For example, 

Figure ].?b shows a collapsed melt pool, while spatters, consisting of metal 

droplets ejected from the liquid pool and then solidified in spherical shape, can be 

appreciated in Figure ].?c.  

 
 

a 

 

b 

 

Figure ]._: Profilometric analyses of WAAM plates surface: a) representative waviness profile 

along building direction (z axis), b) corresponding roughness profile. 
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Figure ].?: _D digital micrographs of WAAM plates surface (x-z plane): a) regular surface where 

dashed yellow lines highlight deposition layers boundaries while red ones highlight melt pools 

boundaries, b) collapsed melt pool underlined by white dashed line, c) spatters, indicated by 

white arrows  

 
 

PHASE COMPOSITION 

Results of X-Ray diffraction analyses performed on L, D and T samples are 

reported in Figure ].A. In the general view of spectra (Figure ].Aa), only the α-Al 

phase can be appreciated. By focusing on the low intensities, in the range of Xθ = 

XW-\W° (Figure ].Ab), for all three directions, few small peaks can be recognized, 

that can be attributed to second phases, i.e. intermetallic compounds.  In Al-Mg-

Mn alloys, main intermetallic compounds are Mg-rich and Fe-rich [X\–X[] such as 

Al_MgX, AlAMg[, and Al\(Fe,Mn). Similar spectra were presented by [X]], who 

studied the effect of Fe and Mn addition to the Al-AMg-Mn alloy solidified in near-

rapid cooling conditions, and by [X] who investigated the AAAU[_ alloy processed 

by CMT WAAM. They evidenced the presence of Al\(Fe,Mn) and AlAMg[ 

respectively and, based on their previous work and on FEG-SEM analyses, that will 

be later reported and discussed, low intensity peaks in Figure ].Ab can be 

reasonably attributed to these intermetallic compounds. 
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Figure ].A: XRD analysis: a) whole spectra and b) detail of low peaks in the XW-\W° portion for 

longitudinal (L), diagonal (D) and transversal (T) samples. 

 

MICROSTRUCTURE 

Microstructure of L, D and T samples were firstly studied by light microscopy 

(OM) along three main planes, in accordance with Figure ].X, thus allowing 

assembling the three-dimensional reconstructions shown in Figure ].\, while 

higher magnification analyses are reported in Figure ].Z. As it can be noticed 

particularly from Figure ].\, microstructural features such as layer boundaries 

(yellow dashed lines) and melt pool boundaries (red dashed lines) were differently 

oriented with respect to the tensile test direction (black arrows) in L, D and T 

samples and this should lead to a different mechanical response. Extensive macro 

(greater than UWW µm) and micro porosity (of about a few of tens of microns) were 

detected in all samples and along all considered planes, as also noticeable by 

detailed analyses in Figure ].Z. Macro and micro porosity were mainly located in 

correspondence of interlayer regions and melt pool borders, as showed in Figure 

].[a. Porosity located in the region adjacent to layer boundaries was also found by 

other researchers in Al-Mg alloys processed by WAAM [X–A,UU] and it is considered 

one of the major issues in processing aluminum alloys with this technology [_W,_U]. 

Such porosities are commonly spherical in shape, as in the present study, thus 

suggesting gas entrapment, ascribable to shielding gas and especially to hydrogen 

content, whose solubility in solid aluminum is much smaller than that in the 

molten state [_W,_X]. The hydrogen content probably derived from surface 
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contamination of the feedstock wire, such as moisture that reacted with molten 

aluminum during the process [_U]. Microcracks in the interlayer region were also 

evidenced (Figure ].[b), arranged in the area subjected to re-heating by the 

deposition of the subsequent layer. Intergranular cracks were already reported in 

the literature by Horgar et al. [?] for the WAAM processed AAAU[_ and they were 

attributed to the hot cracking phenomenon. It is well known that hot cracking is 

mainly related to the alloy composition that indirectly refers to the amount of 

eutectic present at solidification and, for this reason, this is the main welding 

problem of the AAAW[_ alloy, not readily eliminated by simple change in welding 

procedures [__,_?]. Some studies [_A,_\] evidenced the positive effect of titanium 

(Ti)-boron (B), scandium (Sc), erbium (Er) and zirconium (Zr) additions on 

mitigating the hot cracking tendency, due to the induced grain refinement. 

However, WAAM process, in the reason of high cooling rate, yet results in a very 

fine microstructure, thus microcracks are presumably mainly related to porosity 

content. As shown in Figure ].[b, indeed, cracks tend to connect micro-porosities 

present in the interlayer region.  

 

Figure ].\: _D microstructural reconstructions by optical micrographs of longitudinal (L), 

diagonal (D) and transversal (T) samples. Black arrows indicate tensile direction, yellow dashed 

lines highlight layer boundaries and red dashed lines highlight melt pool boundaries.   
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Figure ].Z: Representative OM high magnification micrographs showing microstructure of: a), d), 

g) longitudinal, b), e), h) diagonal and c), f), i) transverse tensile samples on xz, xy and yz planes 

as defined in Figure ].\. 
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Figure ].[: Micrographs of a representative samples showing: a) porosity and cracks in the 

interlayer region (yellow dashed line identifies layer boundary, red dashed line indicates a melt 

pool boundary), b) detail of cracks. 

 

The analysis at the optical microscope revealed the presence of two main 

phases: a light one, being the primary α-Al phase, and a dark one corresponding to 

secondary phases, such as intermetallic compounds (Figure ].]a). Second phases 

were already detected by XRD analyses (Figure ].A) and attributed to Fe- and Mg-

rich intermetallic phases. In the reason of the high cooling rate that material 

experiences during WAAM process [X?,_Z], these secondary phases were extremely 

fine [X]] and, in addition, they were uniformly distributed in the Al matrix, as 

already observed by [X]. FEG-SEM analyses (Figure ].]b) evidenced the presence 

of two different types of intermetallic compounds, that have been further 

investigated by EDS spectroscopy (Figure ].]c,d). In accordance with XRD results, 

grey equiaxed particles (Figure ].]c) mainly contain Al, Mg and Mn and thus were 

consistent with the AlAMg[ phase, while bright vermicular particles (Figure ].]d), 

in the reason of the presence of Fe, could be identified as Al\(MnFe). It should be 

noticed that Si was no detected by the mass spectrometric analysis, while EDS 

revealed a small amount of Si in correspondence of some intermetallic compounds. 

A possible explanation is that the Si, present in a very low content, segregated in 

these secondary phases.  
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Figure ].]: Microstructural analyses: a) optical micrographs of an interlayer region, b) FEG-SEM 

micrographs showing the two different types of intermetallic compounds (indicated by white 

arrows), c) and d) FEG-SEM EDS analysis of intermetallic compounds.   

 

HARDNESS 

Vickers hardness measurements HVU were performed on metallographic 

samples and, by referring to Figure ].X, they were conducted on the three sections 

considered (x-z, z-y and x-y plane) with the aim of determining the overall 

hardness of samples. Hardness values were in the range Z] – [? HVU and, by 

considering standard deviations, they were comparable for all samples (Table ]._). 

The resulting hardness is consistent and even higher than values reported in 

literature for similar alloys processed by WAAM [_,?] and nominal value reported 

for conventional AAAW[_-O sheets, equal to ZA HB (that can be conventionally 

compared to ZA HV) []]. Following the Hall-Petch relationship, the increase in 

hardness is mainly due to the very fine microstructure resulting from WAAM 

process. 
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Table ]._: Hardness measurements carried out on samples: average values and standard 

deviations 

Sample HV1 

L 84 ± 4 

D 81 ± 3 

T 79 ± 4 

average 81 ± 2 

 

TENSILE TESTS 

Figure ].UW shows the whole stress-strain curves for specimens L (Figure ].UWa), 

T (Figure ].UWb) and D (Figure ].UWc).  The curves showed in general a quite 

uniform stress-strain behavior within each specimen orientation, also evidenced 

in the low standard deviations presented in Figure ].UU. All directions presented a 

first elastic segment, followed by a post-yielding hardening behavior. It is worth 

noticing that all three orientations evidenced the phenomenon of serrated yielding 

or serrated flow, also known as the Portevin-Le Chatelier (PLC) effect, as evidenced 

also by curves reported by []] for the same WAAM processed AAAW[_ alloy. This 

phenomenon is due to plastic deformation instability and can be observed in the 

stress-strain curves of many metal alloys as repetitive steps, called yielding teeth 

or serrated yielding [_[]. The PLC effect is associated to diffusion of solute atoms 

occurring at higher rate than speeds of dislocations and is a well-known issue 

concerning Al-Mg alloys as well as the AW[_ alloy [_]–?U], but it has also been 

associated to preferential crystallographic orientations [?X]. This suggests that the 

serrated yielding observed in the stress-strain curves of the WAAM specimens is 

an intrinsic property of the specific alloy but can be also related to the additive 

process. 
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a 

 

b 

 

c 

Figure ].UW: Stress-strain curves for tensile tests: a) longitudinal (L); b) diagonal D; c) transversal 

(T) specimens. 
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The histograms in Figure ].UU provide a comparison of the average properties of 

three different orientations tested for each tensile property investigated. In 

particular, the trends showed a marked anisotropic behavior mainly for both 

ultimate tensile strength and elongation to failure values (Figures ].UUc and d), for 

which in both cases the highest values were for orientation L (X]A±A MPa and 

XW±X%) and the lowest for T (XUA±\ MPa and Z±U%). A similar trend can be 

observed for yield stress (Figures ].UUb), although the difference among the three 

orientations was slightly lower. Young’s modulus values presented instead a 

different trend, since specimens L and T exhibited similar values ([W-[\ GPa) while 

specimens D showed the lowest one (\\ GPa). However, by taking into account 

the high standard deviations registered for specimens D and L, the values can be 

considered almost comparable for all directions. The different mechanical 

response of the three orientations will be explained when analyzing the results of 

fracture surfaces characterization, reported in the next section.  

  

a b 

  

c d 

Figure ].UU: Results of the tensile tests on longitudinal (L), diagonal (D) and transversal (T) 

specimens  
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By comparing the results of the present study with the outcomes of previous 

experiments on similar WAAM processed aluminum alloys reported in Chapter [ 

(Table [.?), it can be noticed that in general yield stress and ultimate tensile 

strength values are in line with the results of the present work. However, higher 

elongation to failure for specimens T were presented in literature with respect to 

those obtained in the present campaign.  

It is worth noting that the values of tensile strength and elongation measured 

on L specimens were higher than those reported for the conventionally 

manufactured thin (U.X - \._ mm) sheets of the AW[_-O alloy, being XZA MPa and 

U\ % respectively [U?]. 

 

 

FRACTURE SURFACES 

In order to study the main fracture mechanisms occurred during tensile tests, 

fracture regions have been investigated both at low and high magnification. Low 

magnification analyses of the lateral view of the fracture regions (Figure ].UX a,b,c) 

suggested that, in case of D and T samples, fracture occurred along  layer 

boundaries, while in case of L samples fracture crossed-over the layers. The same 

was confirmed by metallographic analyses carried out on polished sections of 

fracture surfaces (Figure ].UX d,e,f), where it can be clearly appreciated that 

fracture path followed the boundary between two consecutive layers for samples 

D and T.  
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L D T 

    

a b c 

   

d e f 

Figure ].UX: _D digital analyses of fracture region (x-z plane): a), b), c) lateral view for sample L, D 

and T respectively; d), e), f) corresponding metallographic cross-sections. Deposition layers are 

defined by yellow dashed lines  

 

Further analyses of fracture surfaces were carried out by means of FEG-SEM in 

order to deeply investigate their morphology. The general view of fracture surfaces 

(Figure ].U_ a,b,c) showed extensive porosity, in particular in case of samples T 

where pores strongly prevailed. This result confirmed that fracture in T and D 

samples occurred along layer boundaries where the majority of porosity lied, 

according to the previously discussed microstructural results. For samples L, 

instead, fracture occurred perpendicularly with respect to the deposition layer, so 

it crossed-over all the layers. However, pores could still be identified on L fracture 

surfaces, belonging to the interlayer regions of each layer. The shape of pores on L 

and T surfaces was almost spherical (Figure ].U_d,f), while on D surfaces it was 

quite elongated (Figure ].U_e). The dimensions of these defects in some case 

reached UWW µm, but in most cases they lied in the range size UW-AW µm. During 

tensile tests, and more in general when a load is applied, microcracks can generate 

from pores and eventually result in macrocracks, thus reducing the overall 

mechanical strength of the material [X]. So, if defects are unfavorably aligned with 
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respect to the direction of the applied load, i.e. perpendicularly to the tensile load, 

they can be detrimental for the mechanical strength of the component. With 

reference to the mechanical tests results (Figure ].UU), samples T showed indeed 

the lowest mechanical properties, in particular in terms of ultimate strength and 

elongation, while L ones the highest. Thus, it could be inferred that the orientation 

of the deposition layer, that determines also the orientation of defects (pores and 

cracks) with respect to the tensile direction (Figure ].\), played an important role 

in determining the mechanical response of WAAM aluminum parts. Based on 

these results, in accordance with the outcomes reported in literature, it is 

preferable to align the deposition layer with the tensile direction, as for sample L. 

Mechanical properties of D samples ranged in between those of L and T ones, so 

this suggests that orienting the layer at ?A° to the tensile direction is preferable 

than ]W°.  

 
L D T 

   
a b c 

   
d e f 

Figure ].U_: FEG-SEM analyses of fracture surfaces (x-y plane): a), b), c) low magnification 

micrographs for samples L, D and T; d), e), f) corresponding high magnification details of surfaces 
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Observation of fracture surfaces at higher magnification evidenced the presence 

of dimples in all tested samples, typical of a ductile fracture (Figure ].U?). Dimples 

were very fine (lower than UW µm) and equiaxed on samples L (Figure ].U?a), 

coarser but still equiaxed on T samples (Figure ].U?b), while slightly elongated on 

D samples, probably due to the effect of shear stresses (Figure ].U?c). FEG-SEM 

EDS analysis revealed the presence, inside dimples, of two types of very small 

particles (about U µm), Mg-rich and Fe-rich respectively (Figure ].U?d,e), consistent 

with the intermetallic compounds evidenced by microstructural characterization. 

  

L D T 

   
a b c 

  
d e 

Figure ].U?: High magnification FEG-SEM analyses of fracture surfaces: a), b), c) dimples 

morphology for samples L, D and T; d) and e) semiquantitative FEG-SEM EDS analyses of 

particles inside of dimples 
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9.1.4 Conclusions 

In the present work, the assessment of morphological, mechanical and 

microstructural features of aluminum plates produced by Wire-and-Arc Additive 

Manufacturing (WAAM) using an ERAU[_ wire was carried out. Aiming to a 

comprehensive characterization of WAAM plates, all the analyses were performed 

on specimens extracted along the parallel (L), diagonal (D) and perpendicular (T) 

directions, with respect to the deposition layer. Based on experimental results, the 

following conclusions can be drawn: 

• Chemical composition of WAAM plates complied with the standards for 

AW[_ aluminum alloy. 

• The deposition process resulted in a layered structure comprised of 

successive solidified melt pools and the final microstructure was composed 

by α-Al phase and fine Fe and Mg-based intermetallic particles, 

homogeneously distributed in the aluminum matrix. 

• Microstructural discontinuities (gas porosity and microcracks) were 

evidenced by microstructural analyses, especially located in the interlayer 

regions of all specimens. A consistent porosity was also evidenced on all 

fracture surfaces and, reasonably, it was the main responsible for the tensile 

response of the WAAM specimens. 

• Results of tensile tests evidenced an anisotropic behavior, according to L, D 

and T orientation, especially in terms of ultimate strength and elongation. 

L direction exhibited the highest tensile properties (with ultimate strength 

and elongation comparable to the wrought AW[_ alloy), while T direction 

was characterized by the lowest mechanical properties.  

• The anisotropic tensile behavior was related to the alignment of the 

deposition layer with respect to the tensile direction, taking into account 

that microstructural discontinuities were mainly found in the interlayer 

area. Indeed, specimens T, whose layers are perpendicular to the loading 

direction, exhibited the lowest mechanical properties while L specimens, 

whose layers are parallel, the highest ones.  
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Conclusions 
 

 

 

In the complex framework of Additive Manufacturing (AM) of metallic 

components, the present research project was devoted to highlight the peculiar 

microstructural features resulting from AM and to investigate the relationship 

between process, microstructure and properties.  

The work focused on two main AM processes, being Laser-based Powder Bed 

Fusion (LPBF) and Wire-and-Arc Additive Manufacturing (WAAM), that were 

used to process four different metal alloys: AlSiLMgM.N and CoPQCrNMo alloys in 

case of LPBF, AISI RMSL and AlMgS.TMn in case of WAAM. Bearing in mind the 

different fields of application, divergencies and affinities of processes and materials 

were highlighted and main metallurgical-related issues in the investigated 

processed metals were examined. Microstructural features and mechanical 

properties of the printed alloys were well correlated to the peculiar solidification 

microstructures induced by the AM process, resulting from the theoretical 

background summarized in the first Chapter of the present dissertation.  

Based on the results of the experimental investigations and on the literature 

review that supported all the activities, the following overall conclusions can be 

drawn:  

• Process parameters and feedstock material play a major role in determining 

the quality, particularly in terms of low porosity content, of final parts. 

However, if process optimization is carried out alongside a thorough 
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microstructural analysis aimed at studying type of defects, almost defect-

free parts can be obtained. In case of CoPQCrNMo LPBF alloy for biomedical 

application, process optimization was based on the laser energy density 

(LED) parameter. In fact, LED resulted to be a robust parameter to define 

the quality of final parts, in terms of microstructural defects, hardness and 

surface roughness. In case of reactive materials as aluminum alloys, specific 

precautions have to be taken in order to limit porosity content. Particularly, 

a careful control of moisture in the feedstock material and gas entrapment 

has to be considered, as evidenced by experimental analyses conducted on 

LPBF and WAAM processed aluminum alloys. Specifically, in case of 

AlSiLMgM.N LPBF alloy, two different batches of feedstock powder were 

examined during process optimization. It was found that the quality of 

powder feedstock, especially in terms of shape, and its pre-treatment play a 

major role in the fabrication of near-full-density samples, along with process 

parameters.   

• AM metal parts are characterized by a hierarchical microstructure, observed 

in all the investigated materials, with a few distinctive differences. This 

peculiar microstructure consists of a layered structure due to the subsequent 

formation of melt pools, large epitaxial grains crossing-over layers and a fine 

sub-structure within grains. WAAM involves the deposition of \-P mm of 

molten material, while in LPBF the typical layer thickness is in the range PM-

RM µm. Moreover, scanning strategy of LPBF is considerably more 

complicated than WAAM and melt pool tracks are more evident in LPBF. As 

a consequence, the dimensions of melt pools formed in LPBF and WAAM 

are quite different. However, epitaxial grains crossing-over layers were found 

in all AM alloys, both LPBF and WAAM produced, due to epitaxial growth 

that develops during the solidification of liquid metal on the solid substrate 

made of its same chemical composition, thus the previously deposited layer. 

The sub-structure formed within columnar grains was cellular in case of 

both CoPQCrNMo and AlSiLMgM.N LPBF alloys, and columnar-dendritic in 

case of AISI RMSL and AlMgS.TMn. Due to the high cooling rates, sub-

structure was always very fine. As evidenced in the literature, morphology of 

the sub-structure is related to the solidification parameters (G and R) but it 
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is also driven by kinetics aspects and surface tension gradient formed in the 

melt pool. 

• Rapid solidification conditions extend solid solubility of alloy elements, 

leading to a supersaturated solid solution. By exploiting solute trapping, 

innovative heat treatments can be developed and tailored on the peculiar 

AM microstructure. Heat treatments can be aimed at homogenizing the 

microstructure or inducing strengthening of the alloy. In case of heat-

treatable CoPQCrNMo and AlSiLMgM.N LPBF alloys it has been demonstrated 

that homogenization and/or strengthening can be obtained with shortened 

heat treatment with regard to the conventional alloy, thus also promoting 

the overall productivity. In case of CoPQCrNMo alloy, the optimized heat 

treatment induced both strengthening and homogenization. Such treatment 

did not affect the wear behavior at contact pressures comparable to the in-

service conditions and preliminary results on corrosion behavior showed 

that it increased corrosion resistance. This is a remarkable result since wear 

and corrosion resistance are main properties required for final applications 

of this alloys, being orthopedic implants. In case of AlSiLMgM.N LPBF alloy, 

a modified TN and direct aging treatments were investigated and effect on 

residual stress, hardness and microstructure was assessed. TN resulted in the 

complete homogenization of microstructure and in the complete release of 

residual stress and, with respect to the as-built alloy, it almost doubled the 

ductility and increased the yield stress. Direct aging, instead, preserved the 

as-built microstructure and resulted in the highest strengthening with a 

moderate release of internal stress. 

• The hierarchical AM microstructure can result in the anisotropy in the 

mechanical response. In fact, in case of WAAM alloys anisotropy induced by 

the layer-wise process and epitaxial growth was evidenced by mechanical 

and microstructural characterization carried out along different directions, 

being parallel (L), perpendicular (T) and diagonal (D) to the deposited layer. 

For the almost defect-free AISI RMSL, strong anisotropy in the mechanical 

behavior, in terms of yield and ultimate tensile strength, was positively 

correlated to the different orientation of epitaxial grains with respect to the 

tensile load direction among L, T and D specimens. The marked anisotropy 
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in the elastic modulus was instead correlated to the crystallographic texture 

induced by AM technology, thus to the elastic anisotropy of the fcc crystal 

structure of austenitic stainless steels. The tensile characterization of the 

AlMgS.TMn alloy still evidenced a moderate anisotropy in the tensile 

strength, but the same was not found in the elastic properties. In this case, 

the difference in the mechanical response could be mainly ascribed to the 

marked presence of solidification defects affecting the cross-sectional area, 

as evidenced by microstructural analyses.  

 


